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Abstract
The deposition of WOx and FeOx thin films by reactive PLD and post-deposition
annealing in an oxygen environment have been investigated. The influence of the
deposition parameters on the growth and structure of WOx as well as the electronic
and structural properties of FeOx thin films are presented. WOx thin films have
been deposited onto native oxide Si (100) and SrTiO3 (100) substrates, whilst FeOx
films were deposited onto glass and MgO (100). The films have been analysed using
X-ray diffraction (XRD), texture pole figure analysis, X-ray reflectivity (XRR), X-
ray photoelectron spectroscopy (XPS), scanning electron microscopy (SEM), atomic
force microscopy (AFM) and resistance vs temperature measurements.
The WOx films deposited on both Si and SrTiO3 substrates were found to exhibit
a dependence on the primary texture with fluence in the range of 5.3 J cm−2 to 14.7
J cm−2. The WOx films deposited on SrTiO3 were observed to exhibit a biaxial
texture whilst the films on Si displayed a (002) WO3 out of plane fibre texture. The
primary texture of the WOx films on SrTiO3 was observed to evolve from (200)/(020)
WO3 to a single (002) WO3 texture with increasing fluence.
The FeOx films deposited via reactive PLD onto glass substrates were found to
exist in the Fe2O3 oxidation state for all parameters used. The production of Fe3O4
by post-deposition annealing of Fe films on glass and MgO (100) substrates in an
oxygen environment is also presented. On both substrates it was necessary to use a
two-stage anneal process to produce Fe3O4; an initial 175
◦C oxygen anneal followed
by a 500 ◦C vacuum anneal. The presence of Fe3O4 was confirmed by the existence
of the Verwey transition at close to 120 K, during resistance vs temperature scans.
The anneal parameters required to produce Fe3O4 are shown to be different for MgO
substrates in comparison to glass.
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Chapter 1
Introduction
The present demand for high technology devices that are energy efficient, as well
as low carbon energy production, has driven the need to develop innovative high
performance material systems, which are capable of meeting the requirements of
these applications. Transition metal oxides are one such material class which have
the potential to help realise the development and production of these devices. These
materials have the potential, and in some cases are being routinely used, in appli-
cations such as flat panel displays [1], gaschromic and electrochromic smart win-
dows and mirrors [2, 3], solar cells [4], in addition to modern magnetic spintronic
based devices such as magnetic tunnel junctions and magneto-resistive random ac-
cess memory (MRAM) [5]. As such these developmental areas have been subject to
intense research over recent years.
WOx and FeOx are simple oxide systems (in terms of composition), yet their
oxidation state and microstructure define their properties. WO3 is of specific interest
due to its electrochromic and gaschromic properties. This makes it an attractive
candidate for the application of thin film smart windows. Furthermore, its usage has
been proposed for the construction of solar cells [6]. The specific Fe3O4 oxidation
state of Fe is of particular interest as it is a 100 % spin polarised half metallic
material [7]. As a result, Fe3O4 is one of the materials which has been suggested for
the use in spintronic devices [5].
Thin films for many applications provide the ability to enhance and tune mate-
rials such that improvements in performance, which otherwise may not be possible,
can be achieved. In certain applications, such as giant magneto resistance (GMR)
based memory storage [8], thin films are a requirement of the technology.
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Pulsed laser deposition (PLD) has become a routine method of depositing thin
films of multicomponent materials. If the process is well optimised, PLD can en-
able the stoichiometric transfer of complex materials. The PLD process consists
of ablating a target with a focussed high energy laser pulse. The resulting highly
energetic plasma plume impinges upon the substrate and subsequently condenses
on the surface. The simple nature of the experimental set-up of PLD provides some
advantages over other PVD methods. For example, PLD can be performed in a
pure oxygen environment, which greatly aids the deposition of oxide materials.
1.1 Thesis Outline
In this thesis, the growth and structure of WOx and FeOx thin films are presented.
The influence of the oxygen pressure and the substrate temperature on the structural
properties of WOx thin films are initially studied. Following on from this, the
effect of target preconditioning in addition to target degradation of WOx films are
investigated. Furthermore, the influence of the deposition fluence on WOx thin
films deposited on native oxide Si (100) and SrTiO3 (100) substrates is shown.
The deposition of FeOx thin films on glass substrates using reactive PLD is also
investigated. Following on from this initial investigation, the production of Fe3O4
thin films by the post-deposition annealing of Fe films, deposited on MgO (100) and
glass substrates in an oxygen environment, is subsequently presented.
Chapters 2 and 3 outline the fundamental theory and understanding of PLD and
thin film growth. Chapter 2 briefly introduces the historical development of PLD
and then details the laser target interaction, properties of the plasma plume, target
surface modification and the key mechanisms behind the deposition of particulates,
droplets and splashing which are associated with PLD. Chapter 3 discusses the
three initial growth mechanisms of thin films, the main types of crystalline order
and nucleation.
Chapter 4 describes the deposition system used for the research detailed in this
thesis and the key operational procedures used to grow the films shown in chapters
6 and 7.
The theory and procedures of the experimental techniques used in this thesis
are outlined in chapter 5. The theory of X-ray diffraction (XRD) is discussed in
section 5.1.1. Subsequently, X-ray scattering, pseudo-Voight profile fitting, prefer-
ential orientation (texture) and sample preparation and alignment are detailed in
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this section. Section 5.1.2 explains the principles of pole figure analysis and briefly
discusses how the data is plotted and interpreted. Following on from this, section 5.2
provides an overview of the theory of X-ray reflectivity (XRR), Parratt’s recursion
formalism for the reflectivity from multiple layers, the influence of roughness and
the fitting procedure used for the analysis of the data presented in this thesis. An
overview of atomic force microscopy (AFM) is then detailed in section 5.3. The un-
derlying principles of X-ray photoelectron spectroscopy (XPS) are shown in section
5.4. Finally, the four point probe and van der Pauw techniques for the measurement
of resistance can be found in section 5.5.
Chapter 6 presents all of the work in this thesis on the growth of WOx thin films
deposited using PLD. A brief literature review of WO3 is included at the beginning
of this chapter. An initial growth investigation was conducted to find the optimum
substrate temperature and oxygen pressure, which produced good crystallisation and
resulted in close to fully stoichiometric WO3 (i.e. the lowest possible temperature
and pressure which exhibited a stoichiometric WO3 structure). These films were
investigated by XRD and are presented in section 6.2.2.
The dependence of the growth of WOx thin films on native oxide Si (100) and
SrTiO3 (100) with respect to the deposition fluence was studied. However, initial
investigations exhibited inconsistencies in the micro structure (determined by XRD),
which were found to be a result of target preconditioning and degradation. This
is shown in section 6.2.3. Sections 6.2.4 and 6.2.5 present the XRD results of the
main fluence investigation and show the dependence of the micro structure on the
deposition fluence on native oxide Si (100) and SrTiO3 (100) substrates respectively.
The remainder of the sections within chapter 6 detail the analysis of the films
first presented in sections 6.2.4 and 6.2.5. The preferential orientation (texture)
of the crystallites within the WOx films were found to be strongly dependent on
the substrate and, in the case of SrTiO3 (100), the deposition fluence. These re-
sults are discussed in section 6.3. Section 6.4 details the dependence on the surface
and interface roughness, in addition to the layer density, as determined by XRR.
Furthermore, the composition has been investigated by XPS and the results and
discussion of these films are displayed in section 6.5. Section 6.6 presents results on
the morphology (SEM) and topography (AFM), with respect to the substrate and
deposition fluence. Finally, a comparison is drawn between the surface roughness
obtained from AFM and XRR and the differences in the measured values are dis-
cussed in section 6.6.3. All of the results of this chapter are summarised in section
3
6.7.
The deposition of FeOx on amorphous glass substrates and MgO (100) by reactive
PLD and post deposition annealing of pure iron films, is presented in chapter 7. An
overview on the literature of FeOx, including details of the main oxidation phases
and crystal structure is given in section 7.1. The key aim of this investigation into
the deposition FeOx thin films, was to better understand the deposition parameters
required to produce Fe3O4. In order to carry out this investigation, an understanding
of the bulk properties Fe3O4 is therefore required. Consequently, the half-metallic
band structure, phase diagram and details about the Verwey transition in Fe3O4 are
briefly outlined in section 7.1.1.
Initially, a preliminary study on the growth of iron oxide using reactive PLD was
conducted. The dependence of the oxygen pressure and substrate temperature on
the micro structure and resistance of FeOx thin films deposited on amorphous glass,
is presented in section 7.2.2. From this investigation, it was found that the accessible
oxygen pressure range of the deposition system used for the work shown in thesis,
was not low enough to facilitate the growth of Fe3O4 by reactive PLD. As such, the
focus of the study was redirected to investigate the post annealing of pure iron films
at different oxygen pressures. The films were grown on both amorphous glass and
MgO (100) substrates. By observing the dependence on the electrical resistivity as a
function of temperature with respect to the annealing conditions, it was found that
a two stage annealing process yielded films which consisted of the desired Fe3O4
phase. The description of this process and the subsequent investigation of the micro
structure and electrical resistance of these samples, is detailed in sections 7.2.3 and
7.3 respectively. The results within this chapter are summarised in section 7.4.
For reference, a complete sample list is included in Appendix A. The samples
are listed by original sample name and the Figure(s) that they are presented within,
as shown in the main text.
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Chapter 2
Pulsed Laser Deposition
Pulsed laser deposition (PLD), is a highly versatile method of depositing thin films.
However, unlike other physical vapour deposition (PVD) techniques (evaporation,
magnetron sputtering etc.), PLD does not suffer from differential deposition from
multi-component targets [9]. This is due to the nature of the laser-target interaction.
Consequently, PLD not only retains target stoichiometry, but also produces some of
the most highly energetic species of any PVD method. As a result, it has become
popular for depositing complex semiconducting and superconducting compounds.
The principle of using a laser to deposit thin films was first achieved by Smith
and Turner in 1965 [10], where they deposited semiconducting multi-component
films from powdered targets. In this early pioneering work Smith and Turner used
a pulsed ruby laser capable of 3 J per pulse fired once a minute with varied success.
They concluded that with improved laser power control, stoichiometric transfer of
material would be possible.
In the following years there was very little research dedicated to pulsed laser
deposition; with only around 100 publications written within the field from 1965 to
1987 [11]. However, a few key breakthroughs in laser technology were achieved
within this time. The 1970’s yielded the development of reliable electronic Q-
switches and highly efficient second order harmonic generators. The former provided
shorter more powerful pulses which could vaporise the target material into a plasma
plume; providing the absorbed laser power density is of sufficient magnitude.
The latter enabled the use of shorter wavelength radiation. This has the effect of
reducing the absorption depth of the laser radiation into the target material. Con-
sequently this reduces the irradiated volume, which increases the energy available to
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the plume resulting in more uniform ablation from the target. This not only assists
in the production of stoichiometric films, as this promotes “congruent evaporation”,
but improves surface roughness and reduces splashing effects as particulates are
more likely to be atomised as a result of the increased energy in the plume.
In 1975 stoichiometric films of low temperature superconductors were achieved
by Desserre and Eloy [11,12]. By the early 1980’s epitaxial films with properties close
to that of MBE had been realised; with Cheung et al [13] depositing heteroepitaxial
CdTe (111) on single crystal GaAs (100), and Dubowski et al [14] producing epitaxial
CdTe (100) films also on single crystal GaAs (100).
Despite this progress, it was not until the successful deposition of stoichiometric
epitaxial films of YBaCuO (YBCO) using PLD in 1987 that the significance of the
technique was realised [15]. By using PLD Dijkkamp and Venkatesan had achieved
high quality high TC superconducting films, via the use of an arguably simple and
straight forward experimental set-up (in comparison to conventional methods of
depositing multi-component oxides).
Since then, PLD has become regarded as an equivalent technique to that of
MBE. The modern PLD set-up includes MBE style in-situ monitoring techniques
and process controls, such as high pressure RHEED and the ability to deposit in
a reactive process gas environment [16]. This has allowed the production of high
quality epitaxial films whilst maintaining the relatively simple experimental set-up,
which made the technique so popular after Dijkkamp and Venkatesan in 1987 [17,18].
2.1 Laser Target Interaction
The mechanisms behind the laser-target interaction are highly complex and involve
various processes, the strength of which is dependent on the target material. Con-
sequently the laser-target interaction is still not fully understood, however, some
theoretical models have been used to describe the process. One model describes
that the energy absorption from the laser pulse occurs initially from electron heat-
ing via inverse-bremsstrahlung [11,19]. This subsequently results in lattice heating;
of which the proportionality of thermal transfer is dependent on the strength of
the electron-phonon coupling. Vaporisation of the target occurs once the tempera-
ture reaches the appropriate value, which is determined by the target material and
consequently the relation between its absorption characteristics with respect to the
laser wavelength.
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Figure 2.1: Schematic illustration depicting the subsurface heating model. (a) The impinging
laser beam rapidly heats the surface and subsurface layers (the volume of which is determined by
the absorption depth of the radiation into the material in addition to the laser spot size). (b)
This results in evaporation from the surface consequently cooling the surface layer. (c) The cooler
surface layer allows for the subsurface layer to become superheated, as material from the subsurface
layer cannot evaporate. The arrows show the recoil pressure exerted on the cooled surface layer as
a result of the superheated subsurface layer. (d) The recoil force exceeds the mechanical strength of
the surface layer and results in an explosion of material, resulting in a highly energetic directional
plasma plume.
However, the laser-target energy absorption mechanisms differ with respect to
the type of the material being ablated. Energy absorption into metallic targets
is mainly electronic in its nature, due to the presence of free charge carriers. In
contrast dielectrics have an absence of free charge carriers and a band gap that is
larger than the laser excitation energy. Therefore the absorption mechanism in this
case is dominated by phonon lattice vibrations. Semi-conductors, however, have a
smaller band gap and so absorb energy via a mixture of these two processes. As a
result of localised defects on the target surface, the band gap at the point of ablation
may also vary from the mean figure for the material.
The ablation of target material, and subsequently the initial plume formation,
has been described by the subsurface heating model [20,21]. As described above the
absorption of laser light rapidly increases the surface and subsurface temperature
(Figure 2.1 (a)). This leads to vaporisation of the surface layer, consequently cooling
the surface (Figure 2.1 (b)). The heat of the subsurface layer becomes far greater
than that of the surface, inducing a recoil force [22, 23] that causes an explosion of
material ejecting in the form of a dense plume (Figure 2.1 (c) and (d)). This provides
an explanation not only for the highly directional nature of the plume, but also why
the PLD process results in non-differential deposition of complex compounds.
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Figure 2.2: Diagram of the components and their expansion in the plasma plume. Electrons (blue)
lead the plume closely followed by ions (red). Finally energetic neutral species and particulates
reach the substrate last (green). Diagram adapted from [24].
2.2 The Plasma Plume:
Properties and Formation
The process of laser irradiation induces ionisation of the ejected species and results
in a plume of plasma. The plasma plume therefore consists not only of neutral
species, but also of ions and electrons. The ratio of ions to neutrals is affected by
factors such as the laser fluence, as well as the length of the laser pulse. Shorter
pulses produce a more ionic plasma plume, which has velocities greater than thermal
energies. In contrast, longer pulses, in the order of ns, result in a plume that has
a larger thermal contribution. The longer duration of laser irradiation allows time
for photons to couple with phonon lattice modes, in addition to the photon-electron
coupling mentioned previously [19, 25]. The laser-plasma interaction, due to the
high light density, causes intense inverse-bremsstrahlung, which subsequently heats
the plume to temperatures in the order of 10000 K [26,27]. The resulting hot dense
plume has a large ionic ratio that increases non-linearly with increasing laser fluence.
After the initial creation, the plasma plume expands leading to phase separation
of its components; an electron front followed by ions and subsequent neutrals as
shown in Figure 2.2. The velocity of these ions is far greater than that of the neu-
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tral species; this can be explained by space charge acceleration [26,28]. As electrons
have far higher mobility, with respect to ions and neutrals, they are accelerated
towards the leading edge of the plume. Due to electrostatic attraction, the electrons
accelerate the ions, consequently transferring their kinetic energy. However, during
the laser-plasma interaction, the electrons regain energy from the light field and
are accelerated [28]. This process oscillates the magnitude of the electron velocity.
Therefore the energy absorption into the plume is achieved by this electrostatic,
kinetic energy transfer mechanism. Once the laser irradiation ceases, the ions can
recombine with the electron front producing highly energetic neutrals at the sub-
strate. If the substrate is placed closer to the edge of the plume, the probability of
recombination is reduced, thus providing a larger ionic contribution at the substrate
and increasing ion bombardment effects.
2.3 Target Surface Modification:
Cone Formation
In a typical deposition the target will be subject to repeated laser irradiation, which
consequently results in modification of the surface. This can lead to both physical
and chemical changes that are detrimental to the target. As mentioned previously,
when a laser pulse of above threshold fluence is absorbed by the target, subsurface
melting occurs. This melt front proceeds into the target to a depth dependent on
the absorption coefficient and the laser fluence. As the target cools the melt front
recedes leaving re-solidified material, which will have a modified surface structure;
a result of frozen capillary waves formed from above threshold fluence interactions
[29].
Repeated irradiation of the same modified material results in the phenomenon
of cone formation. However, the mechanism behind cone formation is not fully
understood. Although in appearance similar to that found in ion-bombardment,
laser cones are believed to be formed due to preferential irradiation rather than re-
sputtering of the target from the plasma plume [19, 29–31]. Within this model the
target is assumed to have laser resistant defects, either from manufacture or as a
result of laser-target interaction. These resistant areas ablate at a far lower rate, if
not at all, in comparison to the remainder of the target, consequently leaving cone
like geometry. The laser resistant areas, formed by the laser target interaction, are
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thought to originate from the process of surface segregation. In the re-solidification
stage, elements with higher melting points solidify first whilst the lower melting
point materials diffuse to the surface, resulting in modified surface stoichiometry.
In the case of PLD of YBCO, copper and barium segregate to the surface and are
removed, leaving behind areas of laser resistant yttrium which forms the cone tips
[29,32,33].
The issue of modified target stoichiometry does not necessarily result in non-
stoichiometric films. An investigation into the degradation of YBCO targets showed
that the cone formation is a self-limiting process [34]. Here, YBCO films were
deposited from an YBCO target at various stages of irradiation. It was found that
although the first few pulses on a new target area produced non-stoichiometric films,
after repeated laser irradiation the stoichiometric transfer of material resumes. The
process from non-stoichiometric to stoichiometric transfer of material is complicated,
but is fully described by [34]. This study consequently highlights the need for target
preconditioning prior to deposition.
Over irradiation of the target can lead to undesirable effects, such as decreased
deposition rate [35, 36] and increased droplet deposition [37, 38]. The reduction in
deposition rate can be attributed to the cone formation; this gives rise to a number of
contributing factors. Firstly, the laser energy is spread across the increased surface
area produced by the cone structure, thus resulting in a reduction of the laser
fluence [39, 40]. The cone structure itself is generally covered with vaporisation
resistant material; in the case of YBCO the yttrium enriched areas require greater
laser fluence than is needed for the YBCO stoichiometry [29]. Subsequently the
only material that is able to be vaporised is from the voids between the cones,
greatly reducing the ratio of ablation to ablation resistant area. After substantial
irradiation, the target can fatigue and lead to increased particulates emission. Target
fatigue is one of many sources of particulates.
It should be noted at this point that not all materials after repeated laser irra-
diation specifically form cones. The term cones can be used as a general description
of the laser induced morphology, regardless of the geometrical nature of the target
surface [29]. To prevent confusion, however, when discussing the target surface mor-
phology in section 6.2.3, the term cones will be avoided as geometrically speaking
this is misleading.
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2.4 Particulates Droplets and Splashing
The deposition of particulates is a well known issue of PLD that produces unwanted
surface roughness, in addition to impairing electrical and optical properties of the
film [41, 42]. The process of particulate expulsion can occur via a number of mech-
anisms, which are related to the laser power, material dynamics, as well as the
condition of the target surface. The three main mechanisms of particulate ejection
are: subsurface boiling, recoil ejection and exfoliation [11, 43]. Subsurface boiling
and recoil ejection are similar mechanisms in that the resultant particulates are of
a liquid droplet form otherwise known as “splashing”. The subsurface boiling effect
takes place when the time required to transfer the laser energy to heat is less than
that needed for surface vaporisation. This results in the surface layer trapping the
remaining material that is irradiated by the laser pulse. Henceforth the subsurface
material becomes superheated, exerting an outward pressure that explodes the sur-
face layer in the form of droplets. In contrast, the recoil ejection mechanism relies
on the recoil pressure applied from the expanding plume. This expels droplets from
the liquid surface layer in a crown like geometry [43]. Both effects can be diminished
by reducing the laser power. However, this is at the cost of a lower deposition rate.
The exfoliation process differs from the previous two mechanisms since the par-
ticulates are produced as a result of target fatigue, rather than laser induced liquid
expulsion. As mentioned previously, repeated laser irradiation upon the target sur-
face can modify the morphology to produce micron sized needles and cones. After
sustained exposure, these features become fragile and brittle as a result of multiple
heating and cooling cycles. Shockwaves induced by successive laser pulses break off
material in the form of irregular shaped shards of material, which subsequently are
expelled towards the substrate. However, depending on the material, the source of
the particulates is not necessarily a result of cone fracture, but can originate from
voids in the target surface. Due to the nature of the exfoliation mechanism, par-
ticulate reduction can be achieved by rastering the laser over the target area, in
addition to periodic target resurfacing, which limits the effect of target fatigue [44].
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Chapter 3
Thin Film Growth
3.1 Initial Thin Film Growth Mechanisms
The behaviour of the first few monolayers of a deposition can strongly affect the
ultimate properties of a thin film. The initial growth mechanism is dependent on the
surface energies of the substrate and overlayer, and upon the interaction between the
two. This relationship gives rise to the interface energy of the film. Subsequently it
is this balance between the adhesion energy, and the cohesion strength that explains
the three initial growth states: Layer by layer; island growth; layer-island growth
[45–47].
The first of these, layer-by-layer growth (Frank van der Merwe), is a process
whereby the atoms in each successive layer arrange themselves into a complete
monolayer before subsequent layers are formed. This occurs when the influence of
adhesion to the substrate exceeds that of cohesion between deposited atoms. This
growth mechanism, however, is rarely observed. This is illustrated on Figure 3.1
(a).
In contrast to layer-by-layer growth, island (Vollmer-Weber) growth is the mech-
anism whereby crystallites grow in columnar formations across the surface, rather
than that of a continuous monolayer. This scenario arises when cohesive interactions
have a far greater influence than that of substrate-film adhesion. As the interactions
between atoms of the growing film are more favourable, they coalesce to create a
nucleus of deposited atoms. These nuclei grow into columnar crystallites that are
observed in island growth, as shown in Figure 3.1 (b).
The final growth process is a combination of the previous mechanisms and is
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Figure 3.1: The initial growth modes of thin film deposition. (a) Layer-by-Layer growth, (b) Island
growth and (c) Island Layer growth. Image adapted from [24].
appropriately named layer island growth (Stranski-Krastonov). Layer island growth
is the process where for the first few layers of deposition monolayers are formed, after
which the columnar process takes over. In this case, the influence of adhesion is
greater than that of cohesion in the early stages of deposition. However, as the first
few layers form, the adhesive strength reduces as the film thickness increases. This
is until such a point where cohesion overtakes adhesion as the dominant process.
This can be seen in Figure 3.1 (c).
3.2 Crystalline order
The atoms within a solid can arrange themselves so that they lie in a range of
crystal formations, or in a random structure, depending on external conditions.
If the atoms arrange themselves in a completely ordered fashion that results in a
uniform and isotropic layout, the overall arrangement consists only of one crystal
orientation and is said to have long range order. This is known as a crystalline
or single crystal structure. In the opposite scenario the atoms arrange themselves
with very little visible correlation to one another; with any form of order reserved
to short distances of only a few nm. In such a case there is a lack of any form
of regular periodic crystalline structure. This type of arrangement is known as
an amorphous structure. If, however, the atoms arrange themselves so that there
are multiple regions of single crystals, the arrangement is known as polycrystalline.
Within a polycrystalline structure the individual single crystals are known as grains
(crystallites), where the different grains meet is known as the grain boundary [48].
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Figure 3.2: The various surface processes during the deposition of a thin film adapted from [24]: (a)
impinging atoms from deposition source; (b) physisorbed adatom; (c) desorbed atom; (d) adatom
diffusion across surface to find more favourable sites; (e) and (f) show diffusing adatoms that either
form dimers (e), or add to an existing nucleus (f).
3.3 Nucleation
Surface diffusion and island nucleation are fundamental processes that take place
at the very first stages of any thin film deposition. Consequently these define,
depending on the circumstances, not only if a thin film will grow, but how deposition
parameters (such as the deposition rate) influence the grain size and density of
the film. It is the competition of atomic processes, such as the probabilities of
adsorption, adhesion time, nuclei stability, that are the key in understanding the
influence of external deposition parameters. Only with this knowledge is it possible
to accurately control the structure and properties of a thin film [49,50].
When atoms impinge upon a surface they adsorb in one of two ways: chemisorp-
tion or physisorption. Physisorption involves atoms being weakly bonded via an
electrostatic dipole polarization attraction (Van der Waals). The attractive ener-
gies for this type of bonding are in the order of 50-500 meV. However, this weak
bonding allows for a greater surface mobility for physisorbed atoms. In contrast to
physisorption, the mechanism of chemisorption consists of a far stronger, chemical
bond; with bonding energies in the order of 1-10 eV per atom. Therefore, this results
in far less surface mobility than from physisorption [51].
Typically adsorption of deposited material onto a substrate undergoes a two
stage process; that of a precursor state that may be followed by a more permanent
chemisorbed state. Within the precursor state the atom is physisorbed to the sur-
face. From this point the atom will either be re-evaporated (desorb), or will remain,
subsequently diffusing across the surface to a more favourable site. If the atom stays
adsorbed for a longer period of time, then there is a greater possibility that it will
become chemisorbed to the surface. In the case of adsorbed atoms (adatoms) that
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Figure 3.3: Schematic illustration showing the relationship between the free energy ∆G and the
radius of the nucleus; adapted from [52]. The critical radius r* indicates the point at which the
free energy decreases for increasing radius.
do not desorb, the process of diffusion allows for the creation of nuclei across the
surface. An adatom will diffuse across the surface until either: it finds an existing
island, or finds another adatom and joins to create a dimer; the latter may lead to
the formation of a new nucleus. These atomic processes are illustrated in Figure
3.2.
The stability, and ultimately the characteristics of a newly formed nucleus de-
pend on how adatoms join together, and at what rate they do so. Within the initial
stages of nucleation, each additional atom that joins a small nucleus increases the
positive free energy of the system. This has the effect of destabilising the nucleus,
which increases the probability, and hence decreases the average time, before it will
dissociate. Once a nucleus reaches a critical radius, then each additional atom ac-
tually decreases the positive free energy, increasing its stability [53,54]. Eventually,
if enough atoms join, then the free energy of the nucleus becomes negative [52].
The schematic (Figure 3.3) shows this relation between free energy ∆G, and nuclei
radius; clearly depicting the critical radius r*. This critical radius depends on a
balance between the boundary atoms, and internal ones. The amount of free energy
an atom has is dependent on the remaining uncovered area; the greater this area
the larger the positive free energy. Hence atoms on the boundary have far more free
energy than ones contained within the centre of the nucleus. However, temperature
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has an influence on the overall positive free energy of a nucleus. If the temperature
is greater, then all the atoms within the nucleus will have more free energy, con-
sequently requiring a larger nucleus to balance the internal and external energies,
resulting in a larger critical radius [55].
The size of the critical radius directly influences the eventual grain size and
density of a thin film; as the grain density is related to the probability that a stable
nucleus will form. For smaller critical radii there is more chance a stable nucleus
will form, as fewer atoms, and consequently less time, are needed to overcome the
critical size. Therefore if the critical radius is large then there will be few large
grains, producing a rougher film. In contrast if the critical radius is small then
there will be a large number of small grains, subsequently producing a smoother
film. Additionally the balance between surface temperature and deposition rate
also affects the size and density of the grains. As the temperature increases the
mean sojourn time of an adatom decreases, therefore there is less time for enough
atoms to coalesce into a stable nucleus. This results in far fewer but larger grain
boundaries. However, if the deposition rate is increased a shorter time is required
to overcome the critical radius, therefore increasing the probability of stable nuclei
formation. This produces a film with densely populated small grains [56,57].
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Chapter 4
The Pulsed Laser Deposition
System and Growth Procedures
4.1 The Pulsed Laser Deposition System
The PLD system used for the deposition of all films described in this thesis, was
originally developed by polaron-CVT in conjunction with IFW Dresden for large
area depositions onto wafers up to 4” in diameter. The system comprises a three
chamber ultra high vacuum system and an externally mounted solid state pulse laser.
The depositions took place under computer control, whereby the laser operation and
target motion were controlled automatically by a pre-written script.
4.1.1 The Ultra High Vacuum (UHV) System
The vacuum side of the deposition system is shown in Figure 4.1 and a schematic
representation is shown by Figure 4.2. The system consists of a main deposition
chamber, preparation chamber and bakeable substrate load-lock. The load-lock
is connected to the preparation chamber which in turn is connected to the main
deposition chamber via an 8” gate valve. The load-lock and main chamber are
connected to the turbo molecular and roughing pumps via the same pumping line.
The main deposition chamber is a doubled skinned, water cooled UHV MBE
style chamber. The substrate manipulation and heating stage, and the target ma-
nipulation stage are all positioned within the main deposition chamber. Addition-
ally, the chamber is equipped with a precision leak valve for ballast and reactive
gas depositions. Once at UHV, the main and preparation chambers are primar-
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Figure 4.1: Photo of PLD system used. Adapted from [24].
ily pumped by sputter diode ion pumps. The main deposition chamber also has
an additional titanium sublimation pump to help maintain UHV. The preparation
chamber houses the equipment that is used to manually transfer the substrate from
the load-lock cassette, into the substrate manipulation and heater stage in the main
chamber. The load-lock cassette can hold several substrates reducing the need for
regular load-lock pump down. A bypass valve isolates the main chamber from the
pumping line, whilst the load-lock cassette lowering stage when raised, isolates the
preparation chamber.
Initial pump down of the whole system was conducted with a rotary pump
followed by a backed turbo molecular pump. Once a pressure of ∼1× 10−5 mbar
was reached, the ion and titanium sublimation (TSP) pumps were used to bring
the system down to a pre-bake base pressure of ∼1× 10−8 mbar. After which the
system was then baked and out-gassed at 150 ◦C for 24-48 hours. This typically
produced a final base pressure of 8× 10−10 mbar once both chambers were isolated
from the pumping line and load-lock.
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Figure 4.2: Schematic illustration of the PLD system used. The side and front profiles are shown.
Adapted from [24].
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4.1.1.1 Modifications
In order to facilitate reactive oxide thin film growth several modifications to the
existing deposition system were necessary. For the growth of most metal oxide thin
films, high substrate temperatures are typically required for good crystallisation
[20,58]. This requirement results in the unintentional heating of the internal cham-
ber surfaces, which causes additional out-gassing that can significantly increase the
chamber base pressure by several orders of magnitude. In order to mitigate this
unwanted effect, water cooling was installed. The water was pumped around the
internal skin of the chamber reducing the internal surface temperature to ∼10-15 ◦C.
When using any process gas at a pressure greater than is appropriate for use
with an ion gauge, i.e. 1× 10−4 mbar - atmosphere (ATM), accurate pressure
measurement is required for repeatable thin film growth. Two pressure gauges were
installed on the system described here to make oxide thin film growth possible. The
main chamber was fitted with a convectron gauge that allowed highly repeatable
measurement in the above range. The system under these process gas conditions
could not be pumped by the attached ion pump. Alternatively the required process
gas pressure was achieved by balancing the input gas flow, via leak valve, against the
pumping speed of the turbo molecular pump. The turbo pump was throttled by the
bypass valve shown in Figure 4.2. By placing a penning gauge directly in front of the
turbo pump aperture, the flow into the pump could be monitored. This provided
the ability for fine adjustment of the process gas pressure by the leak and bypass
valve. The pressure differential between the turbo pump aperture and the main
chamber, means that a slight change in the process gas flow rate can be measured
by the change in the pressure at the turbo pump.
4.1.2 The Laser and Optical Beam Path
The laser used in the PLD system described here was a spectra physics GCR-5 solid
state Q-switched Nd:YAG pulsed laser. The laser produced a maximum optical
output of 1 J per pulse with a pulse width of 8 ns. The natural output wavelength
of the laser was 1064 nm, but could also be operated at wavelengths of 532 nm
and 266 nm. The use of shorter wavelengths were available via the use of 2nd and
4th harmonic generator crystals, which were located outside of the laser. For all
depositions the laser was used at 532 nm wavelength with either a 10 Hz or 5 Hz
repetition rate.
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Figure 4.3: Photo of the inside of the optics box connecting the laser to the main chamber. The
beam path is shown by the green dashed line.
The laser beam was guided from the harmonic generator into the deposition
chamber via an optics box, whereby the laser impinges upon the deposition target
at an angle of 45 ◦. Figure 4.3 shows an annotated photograph of the inside of the
optics box. Initially the beam is reflected by dichroic mirror 1, then is reflected
off dichroic mirror 2 into the beam splitter. Both dichroic mirrors are specifically
coated to reflect the desired wavelength; in this case 532 nm. Any residual infra-
red radiation then passes through the mirrors and is captured by the beam stops.
The beam splitter divides a small proportion of the beam into the power meter,
and the remaining beam is passed through the focussing lens. The power meter is
calibrated each time the optics are aligned by comparing the full beam value (with
a secondary meter in the calibration position, as shown in Figure 4.3), against the
measured value from the beam splitter. The beam finally passes through a fused
silica viewport on the deposition chamber, and is focussed onto the target to a spot
size of approximately 0.75 mm2 [24].
The efficiency of conversion of the 2nd harmonic crystal depends on many fac-
tors; key of which is the temperature of the crystal and its alignment. As the
deposition progresses the crystal warms up and the conversion efficiency begins to
vary. The crystal becomes more efficient as it increases in temperature towards the
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optimum value of 50 ◦C [59]. However, at the same time the crystal can shift out of
alignment due to thermal expansion, reducing its conversion efficiency. This results
in reduced pulse to pulse power stability, consequently causing a drift in the laser
power over time. Because of this the Q-switch delay needed to be continuously
adjusted throughout the deposition in order to maintain the desired power.
The power value used to calculate the laser fluence was determined by comparing
the value measured during depositions, with the equivalent actual value that was
obtained from the calibration run. This value was then used to calculate the fluence
values stated in this thesis using the following relation:
F =
P
rA
(4.1)
Where F is the calculated fluence, P is the laser power used, r is the repetition
rate and A is the laser spot size [24].
4.2 Substrate Preparation
Several different types of substrates were used for the deposition of the thin films
described in this thesis. All films were deposited on 10 x 10 mm pre-diced substrates;
with the exception of the preliminary WOx depositions (described in section 6.2.2),
which were conducted on 10 x 20 mm substrates that were cut in house from 4”
Si wafers. WOx films were deposited on single crystal native oxide Si (100) and
SrTiO3 (100) substrates, whilst the FeOx films were deposited on MgO (100) and
amorphous glass substrates.
Substrates were prepared individually by rinsing in acetone before being placed
in the stainless steel sample holder, with the deposition side face down. The sample
holder was modified so that two plates covered the back of the substrate. This was
in an effort to stop any potential contamination which could arise from the SiC
substrate heater. The substrate holder was then placed in the load-lock cassette
and loaded into the load-lock. This was then roughed out and pumped down to
a pressure of 5× 10−6 mbar using the roughing pump and turbo stage shown in
Figure 4.2. The substrates were then baked in the load-lock at 120 ◦C for a few
hours prior to transfer into the deposition chamber.
Before each deposition, the substrates were out-gassed at 500 ◦C (or at the depo-
sition temperature if this was higher) until the chamber pressure reached 2× 10−8
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Figure 4.4: Diagram of the motion of one ablation loop. The red dot shows the initial starting
position and the red arrows show the x and z-step lengths. The blue arrow shows the total z
movement for one loop.
mbar. At this point the substrate temperature was changed to the value required for
the deposition, and left to settle for an at least an hour in order to keep consistency
between depositions. The substrate was then lowered to a target-substrate distance
of 110 mm for deposition. After deposition, the substrate was cooled in the gas
environment at which it was deposited in.
4.3 The Targets
The targets were situated on a rotating carousel positioned centrally within the
deposition system. This allowed for multiple targets to be loaded into the deposition
chamber, which could then be selected in-situ without breaking vacuum. The WOx
films were deposited from a stoichiometric 99.95 % pure target supplied by Pi-Kem
Ltd. This target was tied using tungsten wire, which was spot welded to a stainless
steel backing plate prior to mounting into the target manipulator. The FeOx films
were deposited from a pure iron cylindrical bar target, which was mounted directly
into the target manipulator.
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4.3.1 Manipulation
Moving the position that the laser impinges upon the target is standard practice
when depositing films via PLD. This technique greatly reduces the rate of target
degradation, and allows for better utilisation of the target area [58]. In the system
described here, the target was manipulated in the horizontal plane (with respect
to the substrate holder) in order to raster the laser across the target surface. The
raster path is defined by sets of alternating x and z movements. One motion set, or
loop, consists of two x-movements and two z-movements in an alternating pattern.
Figure 4.4 shows a diagram of the motion of the target for one loop. Due to the
way the motion of the target processes, there is no net x-motion for one sequence
of the loop. However the net motion in the z-axis is twice the value of the z-step
between x-movements. This means that the raster depth in z is defined by not
only the z-step, but also the number of loop iterations. Whilst the raster width is
purely determined by the x-step length. Consequently the area of the raster could
be adjusted by alteration of these values. The deposition length, and consequently
the final thickness of the film, was varied by changing the number of times the laser
was rastered over this set area.
4.3.2 Target Preconditioning
Early depositions showed large inconsistencies between depositions that were carried
out under the same parameters. It was eventually discovered that the greatest factor
contributing to deposition inconsistency was target conditioning.
When the target is subjected to repeated ablation it is known that the morphol-
ogy of the target surface is altered. This occurs due to the non-uniform preferential
ablation of material and can result in a surface morphology of deep craters and tall
peak like structures (see section 2.3 and references therein). The surface morphology
that is left is characteristic of the fluence used. In order to achieve repeatable results
the target area used needs to be ablated several times. This is so that the surface
morphology changes uniformly from deposition to deposition. In addition, if the
area is then ablated with a different fluence, the resulting ablation characteristics
are different than they would be from a new part of the target. This is due to the
re-modification of the target surface structure; different fluences will preferentially
ablate more or less of the target than before.
In light of this, each fluence value used a new piece of target to minimise this
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effect. The target area was rastered twice before deposition to allow the target
area to ‘settle’. This ensured consistent repeatable results could be obtained that
were representative of the fluence used. The variation in deposition characteristics
is discussed in greater detail in section 6.2.3.
25
Chapter 5
Experimental Characterisation
Techniques
5.1 X-ray Diffraction Techniques
5.1.1 X-ray Diffraction
X-ray diffraction was realised by W. H. Bragg and W. L. Bragg to be an effective
method of analysing the microstructure of a material. By scattering X-rays off peri-
odically arranged atoms that form the lattice structure of a crystal, it is possible to
draw information about the orientation of the lattice planes with respect to the angle
between the incident and reflected waves. If the scattered X-rays interfere construc-
tively, then the path length of 2L would be an integer number, n, of wavelengths
[24,60]. The Bragg condition is represented by:
nλ = 2dhklsinθhkl (5.1)
Where dhkl is the distance between lattice planes (where h, k, l, are the miller
indices), θhkl is the angle of incidence which is also equal to the angle of reflection
and λ is the wavelength. Figure 5.1 shows a visual representation of the Bragg
condition illustrating the path length 2L as well as the 2θ angle; the latter is the
standard measurement used to record the diffraction pattern. The resultant XRD
pattern consists of a range of peaks where the 2θ value of the peak relates to the
crystal orientation (described by miller indices), and the intensity is related to the
frequency of reflected crystals with this orientation.
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5.1.1.1 X-ray Scattering
When X-rays interact with matter they may be scattered either elastically or in-
elastically. In-elastic scattering can occur via the process of photo-ionisation or
Compton scattering, whilst elastically scattered radiation occurs via Thomson scat-
tering. X-ray diffraction relies on the elastic Thomson scattered radiation in order
to construct the XRD pattern for a given sample, as λ is conserved in this process.
The following derivation explicitly follows the form by [61]. Consider an X-ray
scattering event for a single electron of mass me located at R0 with a charge of e.
The incoming X-ray beam can be modelled as a plane wave as:
E0 exp(−iK0R0) (5.2)
where K0 is the wave vector of the incident beam and E0 is the electric field
vector. The angle between the exiting beam and the incident beam is 2θ and is
formally defined as:
2θ = arccos
〈K,K0〉
KK0
(5.3)
where K is the wave vector of the exiting beam and 2θ is the angle that is
scanned during a standard Bragg Brentano XRD measurement (see section 5.1.1.4).
Figure 5.1: Visual representation of the Bragg condition redrawn from [24].
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Furthermore, the magnitude of the incoming and exiting beams are equal such that:
|K| = |K0| = 2pi
λ
(5.4)
In the Thomson scattering process, the interaction between the incoming beam
and the electron causes it to oscillate at the frequency of the incoming radiation.
The oscillating electron acts like a Hertzian dipole, subsequently re-emitting the
absorbed energy. Being an elastic process, the frequency of the emitted radiation
is the same as the incoming beam. By assuming the scattering process acts as a
Hertzian dipole with respect to a Thomson scattering event, at a distance of R the
amplitude of the scattered wave E(R) is then:
E(R) = E0
1
4pi0R
e2
mec2
sin∠(E0,R) exp(−iKR) (5.5)
Assuming that the beam is non-polarised, then the scattered intensity at R can
be derived to be:
I(R) = I0
r2e
R2
1 + cos2 2θ
2
(5.6)
where I0 is the incident beam intensity and re is the classical electron radius:
re =
e2
4pi0mec2
(5.7)
This value is for a single scattered event, however, for an X-ray diffraction ex-
periment multiple scattering events need to be considered. The maximum scattered
intensity from a given lattice reflection for a simple cubic structure results in the
following expression:
I(R) −→ max⇐⇒ |Q|
2pi
=
√
h2 + k2 + l2
a
(5.8)
where h, k and l are the miller indices, a is the lattice parameter and Q is the
scattering vector which is defined as:
Q = K −K0 (5.9)
whereby:
|Q| = 4pi sin θ
λ
(5.10)
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It follows that by inserting 5.8 into 5.10 yields:
I(R) −→ max⇐⇒ 2 a√
h2 + k2 + l2
sin θ = λ (5.11)
The lattice reflections from ordered crystals (as indexed by the miller indices) are
made up of identical repeated planes, which are considered to be aligned parallel to
one another. The separation between each individual plane dhkl, for a simple cubic
lattice is:
dhkl =
a√
h2 + k2 + l2
(5.12)
Finally, by inserting 5.12 into 5.11 results in the Bragg equation [61]:
2dhkl sin θhkl = λ (5.13)
where θhkl is the angle of maximum intensity for a given Bragg reflection and λ
is the wavelength of radiation used. As such, equation 5.13 is identical to 5.1 with
the exclusion of the integer n. However, n is included in the standard form of the
Bragg equation as the Bragg condition is satisfied when 2dhkl sin θhkl equals integer
multiples of the wavelength, where n indicates the diffracted order. For a detailed
derivation the reader is directed towards [61].
As implied above, dhkl depends on the crystal structure in question. Table 5.1
shows the relation between dhkl and the lattice parameters for the cubic, orthorhom-
bic and monoclinic crystal systems. Additionally, the constraints for each crystal
system is also included.
5.1.1.2 pseudo-Voigt profile fitting
The line profile of a given Bragg reflection is a combination of the crystallite size,
micro-strain and broadening due to instrumental resolution (i.e instrument optics
and excitation wavelength such as contribution to Cu radiation from the Kα1 and
Kα2 lines). These properties of the sample and measurement manifest as broadening
of the Bragg peak from either a Gaussian or Lorentzian function. The broadening
from instrumental resolution and crystallite size is best matched as a Lorentzian
function, whilst the contribution to the peak shape from micro-strain follows a
Gaussian profile [62]. Both functions are shown below:
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Table 5.1: The constraints and relationships between the reflection spacing dhkl and the lattice
parameters (a, b, and c) for the cubic, orthorhombic and monoclinic crystal systems. Where the
angles between the lattice parameters a, b, and c are α, β and γ [61].
Crystal System Constraints = 1
d2hkl
Cubic a = b = c h
2+k2+l2
a2
α = β = γ = 90◦
Orthorhombic α = β = γ = 90◦ h
2
a2
+ k
2
b2
+ l
2
c2
Monoclinic α = γ = 90◦ h
2
a2 sin2 β
+ k
2
b2
+ l
2
c2 sin2 β
− 2hl cosβ
ac sin2 β
fL(2θ) = [1 + (2θ − 2θ0)2/w2]−1 (5.14)
fG(2θ) = exp[− ln 2(2θ − 2θ0)2/w2] (5.15)
where 2θ0 is the centroid position, 2w is the FWHM and 2θ is the angle being
varied during the fitting regression. In order to better match these functions with
the shape of a Bragg reflection, the integral breadth of a diffraction line β was
introduced by Laue ([63] cited by [62]). β portrays the integrated intensity of a
given reflection as an equivalent area box of height I0 and width β:
β =
1
I0
∫ +∞
−∞
I(2θ) d2θ (5.16)
Consequently, the Lorentzian and Gaussian functions can be recalculated with
respect to the integral breadth β to give:
fL(2θ) = [1 + (2θ − 2θ0)2pi2/β2L]−1 (5.17)
and
fG(2θ) = exp[−(2θ − 2θ0)pi/β2G] (5.18)
As has already been mentioned, the line profile of a given Bragg reflection can
(and in most cases will) consist of broadening from both functions. As a result, nei-
ther of these functions will generally provide a satisfactory fit if used independently.
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Consequently, a function which is a convolution of both the Lorentzian and Gaus-
sian profiles, known as the Voigt function, can provide a more reliable fit. In this
case, the Lorentzian profile is integrated over and then weighted with the Gaussian
profile, resulting in the Voigt function:
fV (2θ) =
β
βLβG
∫ +∞
−∞
fL(ξ)fG(2θ − ξ) dξ (5.19)
where β is the convoluted integral breadth and βL and βG are the integral
breadths resulting from the Lorentzian and Gaussian functions respectively. Fur-
thermore, the relationship between these integral breadths is given by:
β =
βG exp(−k2)
1− erfc(k) (5.20)
and
k =
βL√
piβG
(5.21)
where erfc represents the complementary error function of k.
The Voigt function is computationally heavy due the pure dependence on these
integral breadths. As a result, a computationally less expensive function, known as
the pseudo-Voigt function, is generally more favourably used. Unlike the Voigt func-
tion, the pseudo-Voigt function is not a convolution, but a weighted superposition
of the Lorentzian and Gaussian profiles [62]:
fpV (2θ) = ηfL(2θ) + (1 + η)fG(2θ) (5.22)
where η is the Lorentzian weight of the fitted peak shape.
5.1.1.3 X-ray diffraction peak fitting methodology
All of the peak fits performed in this thesis have used the pseudo-Voigt profile. The
purpose of peak fitting was solely used to determine the angular positions of the
observed Bragg peaks that were present in the XRD scans measured in chapters 6
and 7. The starting parameters of each peak fit were initially set in an attempt
to closely approximate the actual values of the fit. The peak positions were set to
the bulk values for the closest reflection and structure (in terms of angular position
relative to the observed peak), whilst the weight parameter was fixed at 1 for the
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initial fit. With both the initial peak position and weight parameter fixed, the fit
was then run in order to provide an initial fit of the peak width (FWHM) and the
peak intensity. At this point these values were fixed and the peak position was
fitted. Finally, the peak position fixed and the weight parameter was then fitted.
For multi-peak fits this process was adjusted based on the appropriateness of
the fitted peak shapes. This was decided with respect to the envelope of the total
combined reflection, understanding of the sample and measurement environment
(i.e. how many peaks could reliably exist in a certain region considering the sample
composition and structure), and if the values of the fit were physical (i.e. if the
peak widths and intensities were positive). If the fit was obviously not correct (e.g.
one peak with a peak width of the entire XRD scan), the fit was restarted from the
initial positions and the initial guesses for each peak width were adjusted; in some
cases the peaks were fitted individually to begin with. Once a physically sensible
fit began to converge, the peak fitting strategy for the single peak (as mentioned in
the previous paragraph) was employed.
5.1.1.4 Bragg-Brentano Geometry: Experimental Set-up
The Bragg-Brentano set-up is shown in Figure 5.2 (a). This focusing geometry
consists of an X-ray beam that is passed through a divergence slit before being
diffracted by the sample at an angle θ. The diffracted beam is then received by an
anti-scatter slit at an angle θ with respect to the sample surface. The anti-scatter
slit is typically the same size as the divergence slit and the size of these slits define
the beam footprint; which in turn is dependent on the scattering angle [64]. In
the Bragg-Brentano geometry the sample to slit distance is the same for both slits,
whilst the total angular displacement between the incident and reflected beams is
maintained at 2θ [65].
The two scanning motions employed to maintain the Bragg-Brentano geometry
are θ/θ or θ/2θ; these geometries are illustrated in Figures 5.2 (b) and (c) respec-
tively. In θ/2θ geometry the X-ray tube is static whilst the sample is scanned
through θ and the detector is scanned through 2θ. In contrast θ/θ geometry relies
on both the tube and the detector being scanned through θ whilst the sample is
static. The latter of these two geometries has the advantage that the sample remains
level for the entire scan [66].
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5.1.1.5 Preferential Orientation and Texture
As was previously mentioned in section 3.2 atoms in a solid can arrange themselves
in three major ways: crystalline, polycrystalline and amorphous. The XRD pattern
recorded for a crystalline thin film with a single out of plane orientation would only
consist of one reflection. This would be determined by one characteristic lattice
spacing but may include additional peaks relating to second or greater order reflec-
tions. Whilst for a polycrystalline powder the XRD pattern obtained would include
almost all, if not all, possible crystal orientations for that substance.
When using Bragg-Brentano geometry, the diffraction condition is only satisfied
by reflections that occur from lattice planes that are perpendicular to the surface
normal. This means that in the example of a thin film, or preferentially orientated
Figure 5.2: Schematic illustration showing the Bragg-Brentano geometry. (a) shows the typical
experimental set-up for this geometry. (b) and (c) show the motions of the θ/θ and θ/2θ geometries
respectively. The components that are moved in each geometry are highlighted in red and green,
and the equivalently coloured arrows indicate their motion. Adapted from [61].
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bulk materials, only the crystallites that are parallel to the diffraction plane will
appear in the diffraction pattern. This gives rise to a phenomenon known as textur-
ing. The grains within a polycrystalline thin film will generally have a preferential
orientation that is parallel to the substrate; this orientation is known as the film’s
texture [61].
5.1.1.6 Sample Preparation and Alignment
Two Diffractometers were used for the purpose of standard θ/2θ diffraction scans; a
Siemens D5000 and a Bruker D2 Phaser. The D2 phaser was used for general X-ray
diffraction work, whilst the D5000 was used for samples where the alignment was
more critical. The D5000 θ and 2θ drives can be independently scanned and thus
can be run in an unlocked coupled mode. In addition, the sample can be rocked
in ω to precisely align the diffraction plane parallel to the substrate normal. This
provides consistent alignment of the sample to the substrate. In both cases the
sample was mounted into the sample holder by being pressed down onto clay so
that the top of the sample sat parallel with the top of the holder.
5.1.1.7 Accuracy of determined 2θ values
The ultimate accuracy of the 2θ angles at which Bragg reflections were measured,
was dependent primarily on the ability to accurately position the sample at the
correct height. To determine the deviation in the measured 2θ angle for a given
Bragg reflection (thus providing a physical limit to the number of decimal places
to which the Bragg positions can be reliably stated), an arbitrary WOx film was
mounted, measured and remounted twelve times. The WOx film was scanned around
the (002) WO3 Bragg reflection (see section 6.2 for details), and this reflection was
fitted for each scan using a pseudo-Voigt profile to determine the peak position for
each scan (see section 5.1.1.2). The scans and their fits are shown in Figure 5.3.
From this the standard deviation in the recorded position was determined as ±
0.011◦ 2θ. Consequently, the values in 2θ of the Bragg positions measured in this
thesis will be stated to a maximum accuracy of two decimal places.
5.1.2 Texture and Pole Figure Analysis
The use of θ/2θ X-ray diffraction scans can only provide information about the
crystallites that are parallel to the substrate. From this information alone it is
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Figure 5.3: Multiple θ/2θ XRD scans and fits of an arbitrary WOx thin film grown on native oxide
Si (100). The scans were recorded around the (002) WO3 Bragg reflection. The dots represent the
data, the solid line is the total fit envelope and the dashed line is the fitted linear background. The
average angular position and its standard deviation determined from the fits for the (002) WO3
Bragg reflection was 23.15 ± 0.011◦ 2θ. The scans have been offset in intensity for clarity.
impossible to determine the type and degree of texture a film possesses. However,
by the use of texture analysis techniques, such as rocking curves, phi scans and pole
plots, the texture of film in question can be more comprehensively characterised
[67].
As described in section 5.1.1.5, texture is a micro structural effect, which de-
scribes the preferential orientation of crystallites within a sample (with respect to
the equivalent powdered material). With relation to thin film studies, there are two
key texture types are observed: fibre texture and biaxial texture [67,68]. If the crys-
tallites are preferentially orientated in one direction, yet have a lack of rotational
symmetry around this preferred orientation, then the sample is said to have a fibre
texture. In contrast, a biaxial texture occurs when the crystallites arrange them-
selves so that two directions of symmetry are present. The latter case can also be
regarded as a precursor to substrate-film epitaxy; the degree of which is determined
by the order of alignment of biaxially textured grains. Experimentally the type, and
to some extent the degree of these textures can be determined by the use of pole
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figure analysis.
5.1.2.1 Pole Figures
Pole figure analysis is a texture analysis technique that examines the type and degree
of texture by tilting (ψ angle), and rotating (azimuthal φ angle) the sample at a
fixed 2θ bragg angle. This is done in order to ‘map’ all the grains of a particular
lattice reflection. Typically, the pole figure data is presented by projecting the (φ, ψ)
plane by using either stereographic or equal area projection; where the azimuthal φ
angle is plotted radially and the ψ tilt angle is plotted concentrically (examples of
the two most common projections are shown in Figure 5.4).
Observation of the symmetry of the pole figure can give qualitative information
as to the type of texture of the lattice reflection of interest. Figure 5.5 shows
examples of pole figures for a fibre texture (Figure 5.5 (a)), and a biaxial texture
(Figure 5.5 (b)). The pole figure of the texture fibre is of a concentric ring at a ψ
tilt angle that is specific to the lattice reflection. The very fact that the geometry
of the pole figure is a ring shows that the crystallites have preferential symmetry in
one direction. However, the even continuity of the ring shows that the crystallites
Figure 5.4: Schematic illustration showing two commonly used projections of the (φ, ψ) plane:
Stereographic and equal area projections. The relationship that governs how ψ scales for a given
radius is also shown below each projection. Redrawn from [67].
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are randomly orientated with respect to rotation about the fibre axis. The strength
of this fibre texture can also be quantified by the width of the ring; the narrower it
is the less variation in crystallite alignment in this direction.
In contrast, the presence of a biaxial texture is indicated by strong anisotropy
in both axes of the (φ, ψ) plane. In practise, this is evident by the presence of clear
‘poles’ in the pole figure. The symmetry, size and overall intensity of these poles can
give qualitative indications of the degree of biaxial texture and potential epitaxy.
Figure 5.5 (b) shows a schematic diagram of a pole figure of a (111) cubic reflection
for a [100] biaxial texture with respect to the standard θ/2θ scattering plane. In
this example four-fold symmetry of the poles can be observed, which arises from the
crystallite alignment in two directions within the grains of the sample. The angular
spread of the poles in φ and ψ determines the variation of the crystallites from the
biaxial alignment. The tighter the pole size the greater the alignment, and in the
case of a thin film, the better the epitaxy.
In a standard point detector (0D) diffraction set-up, pole figures are measured
experimentally by recording φ scans for increasing increments of ψ. The standard
pole figure measurement procedure involves scanning the maximum intensity of the
Bragg reflection under investigation. In practise this requires that wide slits are
used in the detector optics so that small variations in the 2θ Bragg angle can be
accommodated. In addition to this, two more full pole figure measurements are
taken of the background above and below the Bragg reflection, so that a linear
Figure 5.5: Illustration of the (111) pole figure for a (100) out of plane fibre texture (a), and biaxial
texture (b), for a cubic system.
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background subtraction can be made [67].
Typically, a total rotation scan of φ is completed for each increment of ψ up to a
value of ψ ≈ 70◦. This upper value of ψ is limited by the effect of defocusing of the
X-rays on the sample surface. As ψ is increased the beam footprint on the sample
surface increases. The tilting of the sample also changes the focusing geometry such
that the X-ray beam becomes defocused; the degree of which also depends on the
beam optics. In order to minimise this effect the X-ray beam is set-up for point
focus. Experimentally this is achieved by rotating the X-ray tube through 90◦ so
that the Cu target is edge on to the window of the tube [61]. Additionally, a long
collimating tube is then used to focus the beam down to a small spot (see Figure
5.6), thus greatly limiting the beam divergence. However, this has the adverse
effect of greatly reducing the number of crystallites being sampled by the X-ray
beam. This results in poor grain statistics which can give a misrepresentation of
the characteristic intensity of the Bragg reflection. Practically this means that there
is a significant loss in the signal to noise ratio of the peak in question. A way of
improving the statistics is to oscillate the sample stage throughout the entire scan
in the x and y directions, thus increasing the number of illuminated grains.
Also it should be noted that the increased beam footprint, as is the case with
standard θ/2θ geometry, decreases the absorption depth of the X-rays into the sam-
ple. This has the effect of reducing the sampling depth, which in turn will cause
variations in the measured integral intensity from that of a bulk sample; this is
particularly important to consider when observing multi-layered films as the lower
layers may not be sampled [67].
5.1.2.2 Pole Figure Alignment and Sample Preparation
A Bruker D8 with a quarter circle eulerian cradle was used for all texture analysis,
shown in Figure 5.6. Initially the sample was mounted centrally on a metal block.
The block was of appropriate height so that the sample was approximately at the
X-ray focus prior to accurate alignment. This was necessary as the z-stage on the
goniometer only possesses a total of 3 mm of travel.
The first stage in sample alignment was to set accurately the height and to centre
the sample. In order to achieve this the diffractometer is also fitted with a video
camera. This camera is mounted directly above the accurate centre of the sample
stage. The focus point of the camera was set at the X-ray focus height. Using the
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camera the sample height was then accurately aligned by adjusting z-stage until the
film surface was brought into focus. At this point the sample was translated in x
and y to find the respective edges of the sample. Once the position of the sample
edges were known the sample could then be centred.
The next stage involved aligning the sample so that the correct 2θ angle could be
set for the orientation of interest. The sample was scanned in the standard Bragg-
Brentano configuration to identify the substrate peak. Once this was achieved the
sample was then rocked in plane (ω) to gain the maximum intensity of the substrate
peak. This ensured that the scans would be precisely aligned to the substrate. In
general the orientations required to identify the film texture type were not visible
in the normal diffraction plane. So the orientations of interest had to be located by
initially tilting the sample in ψ and rotating the sample in φ to the approximate
position; as defined from stereographic projections of the specific structure (i.e.
cubic) and direction (e.g. if a [100] cubic texture is present in the normal diffraction
plane the (111) reflection would exist at 54.7◦ ψ and 45◦ φ for a biaxial texture [67].
At this point a θ/2θ scan was conducted to locate the precise position of the desired
reflection. Once located, the value of 2θ was set and the pole figure scan was run.
Figure 5.6: Photograph of the Bruker D8 diffractometer used to produce all of the pole figures
displayed in this thesis. The motion of the z-drive (not visible in the photograph), was along the
axis of the sample surface normal.
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5.2 X-ray Reflectivity
The X-ray analysis techniques discussed so far rely on the principle of diffraction
of X-rays from the inter atomic spacings within a crystal lattice. X-ray reflectivity,
however, depends on the principle of total external reflection of X-rays from the
surface of a material [69]. The reflectivity condition is dependent on the refractive
indices of the film and the substrate for X-ray wavelengths. This in turn depends
on the respective electron densities of the film and substrate. The difference be-
tween these electron densities give rise to interference phenomena that allow for the
determination of the density, thickness and roughness of the system.
As with conventional optics the total external reflection condition, and conse-
quently the angular position at which it occurs, is dependent on the ratios of the
refractive indices at the interface. The refractive index of a material is directly re-
lated to its electron density and as such this determines the characteristic reflectivity
of the system. Consequently, the density of the system can be determined from the
angle at which the total external reflection of X-rays occurs; this angle is known as
the critical angle θc [70]. For X-ray wavelengths θc occurs at very low (glancing)
angles and as such requires precise sample alignment; the details of which will be
discussed in section 5.2.5.
5.2.1 Refractive Index of X-rays
The derivation that is shown here explicitly follows the derivations by [71] and [70]
and as such the reader is directed towards these references for greater detail. The
value of the refractive index at X-ray wavelengths can be understood by modelling
the motion of the electron. The electron can be described using a phenomenological
model where it is bound elastically to the nucleus. Here the nucleus is stationary
whilst the electron oscillates due to an applied oscillating electric field of magnitude
E, and takes the form:
mr¨ + hr˙ + kr = eE exp(iωt) (5.23)
where k is the spring constant, h is the phenomenological friction coefficient and
m and e are the mass and charge of an electron respectively. By using the general
solution of r = A exp(iωt) equation 5.23 is solved to give the average displacement
of the electron as [72]:
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r =
e
m(ω20 − ω2) + iωh
E exp(iωt) (5.24)
where ω0 =
√
k
m
is the eigen pulsation of the bound electron. For hard x-rays
ω0  ω as the oscillation frequency of ω0 ≈ 1015 rad/s ω = 1.2× 1019 rad/s [71].
Consequently, equation 5.24 can be simplified to:
r ≈ − eE
mω2
(5.25)
Providing that the radiation is far from the absorption edge for the sample in
question. The dielectric polarisation for the whole material is [73]:
P =
∑
re = ρere (5.26)
where ρe is the electron density. By inserting equation 5.25 into 5.26, the polar-
ization is therefore:
P = −ρee
2E
mω2
= ε0χE (5.27)
Here ε0 is the permittivity of free space and χ is the dielectric susceptibility. By
rearranging equation 5.27 in terms of χ gives:
χ = − ρee
2
ε0mω2
= εr − 1 (5.28)
where εr is the relative permittivity. The refractive index n, can be related to
χ, since:
n =
√
εr =
√
1 + χ (5.29)
Since the value of the electron density only ranges over 1.5 orders of magnitude
(e.g. ρe = 139 nm
−3 for lithium to ρe = 4438 nm−3 for uranium [70]), from equation
5.28 it is clear that the value of the dielectric susceptibility is very small for all
materials. Consequently, because χ  1, equation 5.29 can be simplified using the
Taylor expansion of the square root to give:
n = 1 +
1
2
χ = 1− ρee
2
2ε0mω2
(5.30)
Given that the classical radius of an electron, re, can be defined as [71]:
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re =
e2
4piε0mc2
= 2.8× 10−15m (5.31)
The refractive index in the case of no absorption can be written as:
n = 1− reρeλ
2
2pi
(5.32)
As λ for x-ray wavelengths is ∼ 0.1 - 0.2 nm, the deviation from unity is very
small such that the real part of the refractive index may be written as [70]:
n = 1− δ (5.33)
where δ signifies the small change from unity. In order to account for the effects
of absorption, the imaginary part of the refractive index is included and takes the
form:
n = 1− δ − iβ (5.34)
where δ and β account for dispersion and absorption respectively. For a mono-
elemental material, δ can be written in terms of mass density to give [74]:
δ =
reρeλ
2
2pi
=
Nareλ
2
2pi
ρ
A
(Z + f ′) (5.35)
where Na is Avogadro’s number, A is the atomic weight, ρ is the mass density,
Z is the atomic number and f ′ is a dispersion correction relating to the scattering
strength of Z electrons per atom. In the case of multi-elemental materials equation
5.35 is modified such that it takes the form:
δ =
reλ
2
2pi
ρNa
∑
i
xi(Zi+f
′
i)
Ai∑
i
xi
(5.36)
where Zi and Ai signify the atomic numbers and atomic weights for i different
component elements respectively and xi is the number of atoms of element i. Fur-
thermore, it follows that for the imaginary part of n, β, can be written in the same
form to give [70,71,74]:
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β =
reλ
2
2pi
ρNa
∑
i
xi
f ′′i
Ai∑
i
xi
(5.37)
where f ′′i is the imaginary anomalous dispersion factor for element i.
5.2.2 Critical Angle θc
As can be seen from equation 5.32, the refractive index of all materials at x-ray
wavelengths is less than 1. This implies that an incident x-ray beam transitioning
from vacuum to the sample is therefore travelling into a medium with a smaller
refractive index [74]. Considering the Snell-Descartes law:
cos θi
cos θt
=
kt
ki
=
n
n0
(5.38)
(where θi and θt are the angles of the incidence and the refracted (transmitted)
beam; ki and kt are the incidence and transmitted wave vectors and n and n0 are the
refractive indices of the sample and vacuum mediums respectively) It can be seen
that the transmitted wave is refracted away from the surface normal; since n0 = 1
is the refractive index of vacuum. When θt = 0 equation 5.38 becomes:
cos θi = n = 1− δ (5.39)
when absorption is neglected (β = 0). The angle of incidence where this condi-
tion is satisfied is known as the critical angle θc. Furthermore, below θc the incident
x-ray radiation is totally externally reflected. As has been discussed for equation
5.33, δ is very small in comparison to unity indicating that the value of θc is very
small. Consequently, equation 5.39 can be re-written using the small angle approx-
imation as:
cos θc = 1− δ = 1− θ
2
c
2
(5.40)
giving:
θc =
√
2δ =
reρeλ
2
pi
(5.41)
From equation 5.41 it can clearly be seen that by recording the critical angle,
a direct measurement of the electron density ρe can be achieved. Beyond the crit-
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Figure 5.7: Simulated reflectivity plots of different substrates using the Bruker Leptos software
package [75]: SrTiO3 (Red), MgO (Green), Si (Light Blue) and Si with a 10 A˚ native oxide layer
(Dark Blue Dashed). The critical edge is shown at point (a), the position of this relates to the
combined densities of the sample.
ical angle θc, the reflectivity of a substrate can be simulated by using the Fresnel
reflectivity:
R =
IR
I0
=
∣∣∣∣∣θ −
√
θ2 − θ2c − 2iβ
θ +
√
θ2 − θ2c − 2iβ
∣∣∣∣∣ (5.42)
For a full derivation of the Fresnel reflectivity the reader is directed to [71].
Additionally it should be noted that just beyond θc the reflected intensity drops off
rapidly and when θ > 3θc the reflectivity scales as:
1
Q4
=
(
λ
4pi sin θ
)4
(5.43)
where Q is the wavevector transfer. Due to the fact that the intensity of the
reflected beam drops of so rapidly over many orders of magnitude, reflectivity scans
use a logarithmic scale for the measured intensity.
Figure 5.7 shows simulated reflectivity scans for different uncoated substrates.
Point (a) shows the critical edge that occurs at θc. Beyond this point the intensity
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Figure 5.8: Diagram depicting the paths of the incident (En), reflected (E
R
n ) and refracted (En+1)
electric field vectors for N number of mediums. The mediums are labelled as n = 1 for air/vacuum,
n = 2 - n = N − 1 for all of the layers in the sample and n = N for the substrate. The notation
for the thickness of each layer and interface are also shown. Adapted from [70,77,78].
(from a smooth surface) drops off by the fourth power as shown by equation 5.43
[69, 70]. When comparing the different substrate reflectivity curves, it can be seen
that the angular position of θc shifts to lower angles for less dense materials. This is
important to realise as the critical edge position is a result of the combined densities
of all the materials in a system. So in the case of an elemental substrate with a
native oxide layer, the critical edge would be shifted from that of the pure element
[76]. However, it should be noted that the shift in the critical edge from the 10 A˚
native oxide layer on Si, which is shown in Figure 5.7, is minor.
5.2.3 Reflectivity from multiple layers
In order to formulate the reflectivity occurring from two or more media, consid-
eration must be made of the reflected intensity from each interface as well as the
absorption from each layer. Figure 5.8 depicts the absorption and reflection of x-ray
radiation for N number of media with respect to the incident, refracted and reflected
electric field vectors E, for each interface as described by Parratt [77]. By working
from the bottom most layer (the substrate) until the top layer, R1,2, the recursion
formula devised by Parratt constructs the modelled reflectivity for a number of N
media as:
Rn−1,n = a4n−1
[
Rn,n+1 + Fn−1,n
Rn,n+1Fn−1,n + 1
]
(5.44)
where an is the amplitude factor in the middle of layer n:
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an = exp
(
−ipifndn
λ
)
(5.45)
where dn is the thickness of layer n and fn is [78]:
fn =
√
θ2 − θ2c − 2iβn =
√
θ2 − 2δn − 2iβn (5.46)
The term Rn,n+1 takes the form:
Rn,n+1 = a
2
n
(
ERn
En
)
(5.47)
where ERn and En are the electric field vectors for the reflected and refracted
beam for the n, n + 1 interface respectively. Finally, Fn−1,n, the Fresnel reflection
coefficient is:
Fn−1,n =
fn−1 − fn
fn−1 + fn
(5.48)
For the substrate layer Rn,n+1 = 0 as the medium is assumed to be infinite.
Furthermore, for the top layer, where n = 1, fn and an simplify to:
f1 = θ (5.49)
and
a1 = 1 (5.50)
Therefore the topmost air/surface interface is:
R1,2 =
ER1
E1
(5.51)
The overall reflectivity ratio I
I0
is gained from separating the imaginary and real
terms of R1,2 and multiplying by its complex conjugate. This is signified by [77]:
R =
IR
I0
=
∣∣∣∣ER1E1
∣∣∣∣2 (5.52)
The simulations and fits in this thesis have been undertaken using the Bruker
Leptos software package [75], which is underpinned by Parratt’s recursion formula
(equation 5.44).
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Figure 5.9: Diagram illustrating the paths of the reflected and refracted X-ray beams for a mono-
layer thin film. The air-film and film-substrate interfaces are also shown. Adapted from [70].
In the simplest case of a single layer thin film there are two interfaces; air-film
and film-substrate, as shown in Figure 5.9. The reflectivity of a single layer can be
modelled by applying Parratt’s recursion formula (equation 5.44), resulting in:
R =
∣∣∣∣ER1E1
∣∣∣∣2 = ∣∣∣∣ a42F2,3 + F1,2a42F2,3F1,2 + 1
∣∣∣∣2 (5.53)
Figure 5.10: Simulated reflectivity plots of a 50 nm WO3 layer on Si (Blue) and SrTiO3 (Red)
substrates. The change in the amplitude of the Kiessig fringes between samples, occurs from the
difference between the substrate and film densities. The simulations were created using the Bruker
Leptos software package [75]. The plots have been offset for clarity.
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Figure 5.11: Simulated reflectivity plots of WO3 on Si with film thickness’s of: 100 nm (Blue),
50 nm (Red) and 25 nm (Green). The simulations were created using the Bruker Leptos software
package [75]. The plots have been offset for clarity. Adapted from [80].
In this case the X-rays will be reflected from both interfaces causing an interfer-
ence pattern that results in periodic amplitude oscillations known as Kiessig fringes
([79] cited by [70]). The amplitude of these Kiessig fringes is directly dependent
on the difference between the densities of the film and substrate. If the film and
the substrate have an identical density, their refractive indices will also be identi-
cal. This will result in no refraction at the film-substrate interface and therefore
the reflectivity observed will occur from the film-air interface alone. However, when
the refractive indices of the film and substrate are different, the reflection occurring
from the film-substrate interface will interact with the reflection from the air-film in-
terface, causing periodic constructive and de-constructive interference; the strength
of which is determined by the density difference. Figure 5.10 shows simulations of
50 nm tungsten oxide films on Si and SrTiO3 substrates demonstrating this effect.
The periodicity of the Kiessig fringes arises from the film thickness. The con-
structive interference condition is satisfied when the phase difference between the
reflected intensities from the air-film interface and the film-substrate interface are
at a multiple of the X-ray wavelength. Figure 5.11 shows tungsten oxide films of
various thicknesses on Si. As the thickness of the film increases the angular spacing
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Figure 5.12: Illustration showing the reflection of X-rays from a smooth surface (a), and a micro-
scopically rough surface (b). The specular (mirror) reflected beams are shown in blue, whilst the
diffuse scattering is shown in red.
of the Kiessig fringes can be seen to decrease. The precise thickness of the film can
be related to the periodicity of the Kiessig fringes by the following relation:
θ2m =
(
λ
2t
)2
m2 + θ2c (5.54)
Where m is the order of the fringe, θm is the angular position (in radians) of the
mth order fringe and t is the thickness of the film [70]. By plotting θ2m against m
2
the film thickness can accurately be determined from the gradient g by:
g =
(
λ
2t
)2
⇒ t = λ
2
√
g
(5.55)
However, as θ2m ∝ 1t it becomes clear that as the thickness of film increases there
will become an upper limit on the measurable thickness due to the decreasing angular
separation of the Kiessig fringes. This upper limit of measurable film thickness is
not only determined by the instrumental resolution of the diffractometer used, but
also the contrast between the film and substrate densities. Further to this, damping
of the reflected intensity at larger scattering angles caused by sample roughness (at
the surface and the interface), and absorption also influences the measurable range
of the film thickness.
5.2.4 Influence of Roughness on the Reflectivity Profile
When considering the reflectivity from a smooth sample (no roughness), the mea-
sured reflected intensity from the incident X-ray beam occurs purely from the spec-
ular (mirror) reflection. This is due to the incident beam being perfectly reflected
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from the sample surface so that there is no deviation of the reflected beam from
the θ/2θ symmetrical condition; see Figure 5.12 (a). However, if the surface is
rough some of the reflected beam will be scattered away from the θ/2θ symmetrical
condition, resulting in a reduction of the specular intensity in the form of diffuse
scattering; see Figure 5.12 (b). For a thin film, diffuse scattering arises from the
surface (air-film) and the interface (film-substrate) roughness values. Experimen-
tally, this generally results in damping of the Kiessig fringes and a greater fall off in
the overall intensity than the standard θ−4 dependence [69].
The roughness that contributes to the diffuse scattering component of the overall
intensity of a specular scan, occurs from deviations in height at the interface. These
deviations can be modelled using a Gaussian distribution, where the standard devi-
ation of this distribution, σ, signifies the root-mean square (RMS) roughness of the
interface [70,78]. This can be simulated by the inclusion of an exponential damping
function applied to the Fresnel reflectivity:
R = Fn−1,n exp(−Qz2σ2) = Fn−1,n exp
(
16pi2σ2
λ2
sin2 θ
)
(5.56)
where
Qz =
4pi
λ
sin θ (5.57)
This damping term takes the form of a pseudo Debye-Waller factor [76]. More
generally, this factor needs to be applied to each interface, which results in a modi-
fication of the Fresnel reflectivity [71,81]:
F roughn−1,n = Fn−1,n exp(−2σ2n−1k2n−1) (5.58)
where
kn−1 = k0fn−1 =
2pi
λ
fn−1 (5.59)
However, for the simulations and fitting of results presented in this thesis the
roughness was simulated by using the Ne´vot-Croce damping term, which provided
a better fit with the data than the Debye-Waller factor shown above. The form of
the Ne´vot-Croce factor alters the Fresnel reflectivity such that [71,81]:
F roughn−1,n = Fn−1,n exp(−2σ2n−1kn−1kn) (5.60)
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Simulations of 50 nm tungsten oxide films on Si with various surface and interface
roughnesses are shown in Figure 5.13. If no roughness is present, then no damping
of the Kiessig fringes should occur. However, when roughness is introduced the
amplitude of the Kiessig fringes is damped and becomes lost at higher 2θ angles.
The strength of the damping is not only influenced by the degree of the overall
roughness, but also the ratio between the magnitude of the roughness at surface
and interface. If the overall roughness is small, i.e. less than 2 nm, and the values of
surface and interface roughness are almost identical, then the amplitude of Kiessig
fringes will not be damped. This is due to the loss of reflected intensity from both
interfaces being identical, and therefore the net result is a loss in overall reflected
intensity [80]. Hence, from the increased fall off of the reflected intensity and the
degree of damping of the Kiessig fringes, the rms roughness of the film surface and
interface can be determined from the θ/2θ scan of the specular reflection.
The roughness that is present on the substrate surface may influence the growing
film such that the surface roughness matches the interface roughness; this is known
as correlated roughness. In contrast, uncorrelated roughness occurs when the inter-
Figure 5.13: Simulated reflectivity plots of 50 nm WO3 films on Si with different surface and inter-
face roughnesses: No roughness (Blue), equal surface and interface roughnesses of 1 nm (Green),
1 nm surface and 2 nm interface roughness (Red) and 2 nm surface and 1 nm interface roughness
(Purple). The simulations were created using the Bruker Leptos software package [75]. The plots
have been offset for clarity. Adapted from [80].
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Figure 5.14: Diagram illustrating correlated and uncorrelated roughness. Adapted from [76].
face roughness does not influence the surface roughness and are therefore completely
unmatched. Figure 5.14 shows a schematic diagram of correlated and uncorrelated
roughness. The degree of correlation between the surface and interface roughnesses
can be examined by the investigation of the diffuse reflectivity [76]. However, this
analysis is beyond the scope of this thesis and as such was not performed.
5.2.5 Reflectivity set-up and Glancing Angle
Alignment Procedure
Reflectivity scans were acquired using a Siemens D5000 diffractometer with a mod-
ified sample stage to allow for precise height alignment. As mentioned in section
5.1.1.6, the D5000 uses a graphite monochromator so that only CuKα radiation is
measured by the detector (see Figure 5.15). For the purpose of reflectivity measure-
ments, the slit set-up was changed from the standard Bragg-Brentano parafocusing
geometry. Instead a narrow divergence slit of 0.05 mm was used on the tube side
of the diffractometer (narrowing the incident beam), whilst the detector optics con-
sisted of a 0.2 mm anti-scatter slit followed by a 0.1 mm resolution slit in an effort
to collimate the reflected beam; annotated photographs of this set-up are shown in
Figure 5.15. This slit arrangement was chosen to significantly reduce the angular
divergence of the X-rays incident on the detector in order to approximate the beam
to that of parallel geometry. Additionally, it should be noted that a Cu absorber slit
was placed in-front of the detector for all low angle scans to prevent any potential
damage.
The sample was mounted centrally on top of the sample holder prior to align-
ment, which is shown in Figure 5.16. The following alignment procedure is illus-
trated in Figure 5.17. The sample was initially lowered out of the beam path so that
a detector scan either side of the 0◦ 2θ straight through position could be performed
(Figure 5.17 (a)). This was done in order to measure the full beam intensity. The
next step was to cut the beam intensity in half by raising the sample into the beam
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Figure 5.15: Annotated photographs showing the Siemens D5000 in the set-up used for XRR
measurements.
path (Figure 5.17 (b)). θ/2θ scans were taken around the straight through position
to confirm this condition. Once satisfied, the sample was rocked though ω in the
straight through position so that the film surface was parallel with the beam (Fig-
ure 5.17 (c)). The point of maximum intensity indicates the position at which the
sample surface and beam are parallel. The height was then readjusted in order to
cut the straight through beam in half (Figure 5.17 (d)). Finally, a rocking curve was
performed with 2θ fixed at a value slightly larger than the critical edge in order to
find the point at which ω = θ, and thus aligning on the specular reflection (Figure
5.17 (e)). The maximum intensity of this scan signifies that the specular condition
is satisfied. At this point the sample was aligned and the reflectivity scans could be
performed.
Figure 5.16: Photographs of the sample holder used for XRR measurements. (a) shows the sample
holder out of the sample stage; the dotted line indicates the approximate placement of the sample.
(b) shows the sample holder inserted into the sample stage prior to alignment.
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Figure 5.17: Schematic diagram of the XRR alignment procedure. (a) initially a detector scan is
performed through the straight through beam to measure the maximum intensity. (b) next the
sample is raised through the beam to cut the measured intensity in half. (c) then the sample is
rocked in order to align it parallel to the straight through beam. (d) the sample height is then
readjusted to ensure the beam intensity is cut in half. (e) finally the sample is rocked to align
on the specular reflection, which may be offset from the straight through condition due to surface
waviness. Adapted from [82].
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5.2.6 X-ray reflectivity fitting methodology
The experimentally obtained reflectivity plots measured for the samples in this the-
sis were fitted to determine values for the layer thickness, roughness (surface and
interfaces) and the layer density. Initially, a scan of a blank substrate was fitted to
obtain the density for each substrate type used in the investigation. This value was
then fixed when fitting the scans of the deposited films. It should be noted at this
point that the substrate density should ideally not be fitted when fitting a single or
multi-layer film as the density will be correlated with the density of the film.
The next stage was then to build an appropriate model to fit the data. This
started by using the simplest possible model and only increasing the complexity of
the model if necessary. A simple single layer film in principle should be able to be
fitted with two media: the substrate and the film. In practise there may be physical
reasons that the model needs to be more comprehensive. For example, if the film
is metallic, there is likely to be an oxide overlayer, whilst if the substrate reacts in
atmosphere, (i.e. non-etched Si), it may have a native oxide layer. The models used
to fit the data are discussed in section 6.4.
The fitting of the films started by fixing a starting value for the density of the
layer. This value was chosen to be close to the perceived composition of the sample,
i.e. if the sample was grown from a WO3 target the bulk value for the mass density
of WO3 was used. The roughness values were initially set to zero and the thickness
was fitted as the only parameter to be varied. Once the thickness had been fitted
it was then fixed and the roughness values were then fitted. Next, the film density
was fitted alongside the roughness with the thickness remaining fixed. Finally, all
parameters were fitted together, with the exception of the substrate density which
remained fixed. At this point the values of the fit were recorded.
The final stage involved altering the starting fit parameters from the values
obtained from the fit, and re-running the fit procedure. This was repeated multiple
times and the values from each fit were recorded. The standard deviation from all
the fits were taken for each parameter and used as the error.
5.3 Atomic Force Microscopy
Atomic force microscopy (AFM) is a type of scanning probe microscopy that can be
used for high (in some cases atomic) resolution imaging of surfaces. The technique
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Figure 5.18: Diagram showing a commercial design for an AFM cantilever and tip. The cantilever
is typically ∼100 µm long and if the optical deflection technique is to be used, it will also have
a reflective metallic film deposited on its back. A small tip ∼10 µm in length is attached to one
end of the cantilever. The interactions between this tip and the sample surface induce deflections
in the cantilever, which are measured and used to construct a topographical image of the scanned
area. Redrawn from [83].
measures the attractive and repulsive forces between a sharp tip and a sample sur-
face. Figure 5.18 shows a diagram of a typical AFM tip and cantilever assembly.
The assembly consists of a small tip (∼10 µm) which is attached at the end of a
cantilever (∼100 µm in length) [83]. The interacting forces between the sample and
the tip cause a deflection of the cantilever. For imaging, this deflection is measured
whilst scanning the position of the sample in the x – y plane. The deviation in the
interacting forces with respect to position can be constructed into a topographic
map. As with XRR, AFM can measure the roughness of a surface from this topo-
graphical map. However, since AFM measures purely the structural roughness, and
is more spatially sensitive to large scale lateral roughness variations (i.e. ∼100 nm
features), it is a good complementary technique to XRR to investigate the surface
roughness of a sample.
To precisely determine the magnitude of the attractive and repulsive forces ex-
erted on the tip, accurate measurement of the cantilever deflection must be achieved.
The deflection of the cantilever can be measured in few different ways; however, the
most routinely used is the optical deflection technique. An illustration of the optical
deflection setup is shown in Figure 5.19. The back of the cantilever in this technique
is typically coated with a metallic reflective coating (see Figure 5.18). A laser is pro-
jected onto the back of the cantilever and the reflected beam is then detected by a
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Figure 5.19: Illustration of the optical deflection technique for measuring the cantilever deflection.
The laser beam reflects off the back of the cantilever onto the position sensitive photo-diode
(PSPD). As the cantilever deflection changes the position of the reflected beam incident on the
PSPD will also change. This information is then fed-back to the z-actuator which adjusts the
cantilever height according to the scanning mode. Redrawn from [83].
position sensitive photo-diode (PSPD). As the cantilever is deflected, the reflected
beam position changes [83, 84]. This simple technique results in a very sensitive
measurement of the cantilever deflection. This information can then be fed-back
to the z-height actuator, so that the cantilever and tip height can be modulated
depending on the imaging mode.
AFM can be run in either contact or non-contact mode, which differs in their
method of operation. For the purpose of this thesis only the contact modes will
be discussed. For more information on non-contact modes, the reader is advised
to consult the literature [83–86]. The most basic form of contact AFM is static
mode. Static mode AFM is conducted by bringing the tip close to the sample
so that it ‘contacts’ the surface. Figure 5.20 shows a schematic illustrating the
attractive and repulsive force-distance relationship between the tip and the sample
surface. On approach to the surface the interacting force is initially attractive.
Beyond a certain switching point the force felt between the tip and the sample
surface becomes repulsive due to Pauli exclusion and ionic repulsion [83]. When the
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Figure 5.20: Schematic showing the force-distance relationship between the tip and the sample.
As the tip is brought close to the sample surface an attractive interacting force is present. Beyond
a certain switching point the interacting force becomes repulsive; it is at this point when the tip is
considered to be in contact with the sample surface. Tapping mode moves between the attractive
and repulsive force regimes as it oscillates between being in and out of contact with the sample
surface, as shown by the intermittent contact region. Redrawn from [84].
tip-sample distance is close enough to be in this repulsive regime, then the tip is
regarded to be in contact with the sample.
For imaging using static AFM, the tip is ‘dragged’ across the sample surface (see
Figure 5.21) whilst the deflection of the cantilever is measured. The cantilever de-
flection can be monitored using either one of the two methods of operation: constant
height mode or constant force mode [85]. The first of these two modes measures
the variation in the deflection of the cantilever as the tip scans the surface at a
constant cantilever height. In contrast, constant force mode continually adjusts the
cantilever height in order to maintain a constant cantilever deflection. Due to the
mechanical contact between the tip and the sample surface when using static AFM,
the act of imaging can potentially lead to permanent damage to the area that is
being scanned. This occurs because the rate of energy dissipated into the sample
from the tip is too high for the material being imaged. In order to reduce the rate of
energy dissipation (and therefore limit the risk of sample damage), a process where
the tip is in intermittent contact with the sample was developed.
Dynamic contact mode AFM, or Tapping mode (Figure 5.21), utilises a stiff can-
tilever which is oscillated at (or close to) its resonant frequency [86]. The amplitude
of the oscillation is large enough such that at the base of each displacement cycle the
tip ‘taps’ the sample surface. In this mode, changes in the sample surface induce a
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Figure 5.21: Illustration of the Static (contact) and Dynamic (Tapping or intermittent contact)
scanning modes. The dashed line shows the contact path of the tip, whilst the light grey line shows
the topography that is recorded from each mode. Redrawn from [84].
change in the oscillation amplitude, which is then used to construct a topographical
image of the surface. Tapping mode can typically provide greater resolution on soft
and mechanically sensitive samples such as polymers [85]. However, as with static
contact mode AFM, tapping mode can result in damage to the sample surface. By
varying the oscillation amplitude the contact force can be altered so that the tip
lightly taps the sample surface. Furthermore, increasing the tapping force (without
causing damage to the sample) results in an improvement in the resolution. As
might be expected, when the tapping force is increased the potential risk of dam-
aging the sample becomes greater. As such, a trade-off between image resolution
and damage to the sample surface should be made, and the effects of modification
to the sample considered.
5.4 X-ray Photoelectron Spectroscopy
X-ray photoelectron spectroscopy (XPS) is a surface analysis technique which, by
the use of the photoelectric effect, yields information about the chemical composition
of a given sample. In an XPS experiment the sample of interest is excited with X-
ray radiation, which leads to the photoemission of electrons from the surface of
the material. By analysing the energy profile of these photoelectrons, information
about the chemical state and composition of the surface can be obtained. The
photoelectrons that are emitted from the core levels of an atom are of particular
interest for XPS analysis, as they are not directly involved in the chemical bonding
of the material. Consequently, the binding energy of these electrons is specific to
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Figure 5.22: Schematic energy level diagram of the photoemission process whereby a core electron
is emitted as a result of absorbing an incident X-ray photon. Redrawn from [87].
the element from which they have been emitted from. Therefore it follows that by
measuring the binding energy of these electrons the composition of a surface can be
determined.
Figure 5.22 shows a schematic energy level diagram of the photoemission process.
For a given material, the energy required to excite a specific electron to the vacuum
energy, EVAC, is the sum of the material specific work function φ and the binding
energy of the electron Eb. The binding energy can be related to the excitation X-ray
energy via the Einstein relation of the photoelectron effect [88]:
Ek = hν − Eb (5.61)
Where Ek is the kinetic energy of the photoionised electron and hν is the pho-
ton energy of the X-ray excitation source. In equation 5.61 the binding energy is
referenced to the vacuum level. However, in order to measure the binding energy in
a real experimental environment, it is more convenient to reference with respect to
the Fermi level Ebf . Consequently, it follows that if the X-ray energy exceeds the
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binding energy of a specific electron and the work function of the sample, then the
electron may be emitted with energy Ek. By measuring Ek the binding energies Ebf
of the emitted photoelectrons can be calculated from [87]:
Ek = hν − (Ebf + φ) (5.62)
From determining Ebf , the element from which the photoelectron was emitted
can be identified. However, the measured binding energy of a photoelectron for a
given shell may differ from the characteristic value for a pure element; a shift in
binding energy can provide information about the chemical state of the surface of
the material. The shift in binding energy occurs due to variations in screening of
the core electrons by valence electrons (due to the charge transfer between atoms),
which are drawn to or from the measured atom. Depending on the chemical bonding,
these shifts can range from 0.1 – 10 eV in magnitude. As a result, this can be used
to analyse the chemical state of the surface of interest, for example XPS can be used
to determine the oxidation state of the surface of a given metal oxide sample.
The surface sensitivity of XPS is defined by the depth at which a significant
proportion of the detected electrons can escape from the sample. Although typically
the penetration depth of x-rays into solid matter is approximately ∼1 µm, electrons
of equivalent energy, due to their greater cross-section, will only penetrate the same
sample to a depth of ∼10 nm. Electrons that are emitted by a photoionisation event
at a depth greater than this are therefore unlikely to be detected. Additionally, only
elastically emitted photoelectrons contribute to the characteristic XPS signal. On
the other hand, electrons which have lost energy due to scattering events within
the sample (inelastic photoelectrons) purely contribute to the background signal.
Consequently, the average sampling depth is defined as the average depth from
which an electron is emitted without energy loss. This can be defined using the
standard exponential decay law [88]:
I(x) = I0 exp
(
− x
λ (Ek, Z) cos θ
)
(5.63)
Where I(x) is the electron intensity remaining after travelling from a depth of
x, I0 is the original photoelectron intensity, λ (Ek, Z) is the inelastic mean free path
(IMFP) and θ is the angle of emission with respect to the surface normal. The IMFP
is the depth at which electrons have a 1/e probability of escaping the sample with-
out energy loss. Furthermore, the IMFP is material (Z) and energy (Ek) dependent.
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Figure 5.23: Illustration of the information depth with respect to the sampling depth, d, for
an XPS experiment. The maximum information depth is obtained by detecting the emission of
photoelectrons normal to the sample surface. Redrawn from [89].
Since the elastic electron intensity as a function of depth decays exponentially, it is
not possible to determine a characteristic sampling depth. Instead, as the photo-
electrons that originate from a depth of up to λ cos θ makes up 63% of the elastic
XPS signal, this can be used as a reasonable gauge of the sampling depth d [88]. At
a depth of 3d the number of photoelectrons that contribute to the XPS signal is a
maximum of 95% when θ = 0◦, as shown schematically in Figure 5.23. This depth
is therefore taken as the information depth, i.e. the maximum depth to which the
useful proportion of the characteristic XPS signal originates [89]. Although the ab-
solute value of this depth varies between materials and excitation energies, typically
XPS experiments sample to a depth of between 1-4 nm from the surface.
In addition to characteristic elastic photoemission features, the XPS spectrum
obtained may also include additional peaks which do not originate from photoe-
mission events. The detected electrons that contribute to these features may be
Auger emitted electrons. Figure 5.24 shows a schematic representation of the Auger
emission process. In the XPS environment, Auger electrons occur from the rear-
rangement of an atom after the photoemission of a core electron [89]. When electrons
in the atom in question rearrange to fill a core hole, they can release their excess
energy either as an X-ray photon (fluorescence), or by emitting an electron from a
higher energy shell. The latter case describes the emission of an Auger electron. As
such an Auger transition can be described by the following expression:
EA = E1 − E2 − E∗3 (5.64)
Where EA is the energy of an Auger electron, the single ionised atomic binding
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Figure 5.24: Schematic energy level diagram of the X-ray Auger emission process whereby a higher
energy electron is emitted as a result of another electron losing energy to fill a core hole created
by the photoemission process. Redrawn from [87].
energies are E1 (core hole) and E2 (second shell) and for a double ionised atom the
binding energy is E∗3 (third shell) [90]. Since there is no dependence on the excitation
energy, Auger features can therefore be distinguished from photoemission events by
altering the incident photon energy. Consequently, Auger events will not change in
energy when the excitation energy is varied, whilst photoemission events will.
5.5 Resistance Measurements
The electrical resistivity of a sample arises from the scattering of conduction elec-
trons by impurities, lattice imperfections and phonons [91]. The resistivity ρ for the
sample in question is given by:
ρ =
RA
l
(5.65)
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Where R is the measured resistance, A is the cross-sectional area and l is the
length of the sample [92]. As the value of ρ is generally temperature dependent, the
trend with respect to temperature can give information about a materials properties.
Consequently, this information can allow conclusions to be drawn about the electri-
cal properties of the material; i.e. if it is metallic, semi-conducting or insulating in
nature, and indeed if there are any transitions between these material types.
Experimentally, ρ is obtained by measuring the resistance R of the sample. This
is in turn determined from the potential difference induced by a given current flow.
The relation between V, I and R is:
R =
V
I
(5.66)
The simplest method of measuring R is with a two-point measurement (see Fig-
ure 5.25 (a)). This configuration involves V being measured with the same contacts
in which the probe current is being passed. However, the potential difference in-
duced in the contact wires by the probe current, may be comparable or greater than
the sample resistance. Thus producing an inaccurate measurement of the resistance
of the sample. In order to negate this effect a four-point measurement needs to be
conducted [93]. Figure 5.25 (b) shows the most common set-up for an in-line four-
point measurement. In this configuration the the probe current is separated from
the voltage contacts. Typically the probe current contacts are placed outside of the
voltage measurement contacts, and the contact separation is equi-distant [93, 94].
By separating the probe current from the voltage measurement, in principle there
is no potential difference generated in the voltage contact wires, thus the measured
voltage occurs purely from the sample resistance.
When investigating thin films, the van der Pauw technique is more appropriate
than the standard in-line technique. The advantage of the van der Pauw tech-
nique is that it can be used on any arbitrary shaped sample, which has a uniform
thickness [95–97]. Additionally, in principle the experimental set-up is relatively
straight forwards, as only four contacts located anywhere on the sample perimeter,
are required.
The square geometrical arrangement of the van der Pauw technique is shown in
Figure 5.26. The voltage is measured initially across contacts ac, while the probe
current is supplied across bd. After which the sample should be rotated through 90◦
and the measurements taken again; in this case the voltage is now across ab while
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Figure 5.25: Schematic diagram of the two-point (a) and four-point (b) resistance measurement
techniques. The four-point measurement (b) is usually set-up with the probes at equal distances
from each other (shown here at a distance of s).
the probe current is placed across cd. This yields the resistances Rac,bd and Rab,cd
respectively. These are related to ρ via the van der Pauw equation [52,95]:
e(−
pid
ρ
Rac,bd) + e(−
pid
ρ
Rab,cd) = 1 (5.67)
Where d is the film thickness. In practice, typically all four edges are measured
in this way and averaged [96]. Additionally, for each edge, measurements are taken
in both forward and reverse current directions to reduce the effect of any voltage
offsets [52].
5.5.1 Resistance Measurement Set-Up and Procedure
The low temperature resistance measurement set-up used is shown in Figure 5.27.
The system consists of a Gifford-McMahon type cryocooler, which is double ther-
mally shielded using two aluminium ‘cans’ (see Figure 5.27 (b)(i)-(iii)). The whole
system is pumped by a backed diffusion pump and operates at a base pressure of
2× 10−6 mbar. The sample stage sits on top of the Cu cold head (see Figure 5.27
(a)) and consists of a Si diode temperature sensor, which is located beneath a sap-
phire disc. Additionally, a small heater is mounted inside the cold head, which can
be used to hold the system at specific temperatures.
The sample to be measured, was mounted centrally on the sapphire disc. For
the purpose of the resistance measurements, four spring loaded press contact probes
were mounted in a square arrangement attached to a spring loaded bridge, which in
turn was attached via the cold head by two threaded spring loaded posts. The posts
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Figure 5.26: Schematic diagram of the van der Pauw measurement for a square geometry.
were lowered by the same amount (10 mm from the top of the adjuster nut as shown
in Figure 5.27 (a)) for each sample to ensure that the pressure exerted by the press
contacts on the sample was kept constant for every measurement. The voltage and
current probes were arranged in the van der Pauw arrangement as shown in Figure
5.26.
It should be noted at this point that the system used was originally designed
as an in-line four point system. As such the voltage wires were constructed with a
higher resistance material than the current source wires. Unfortunately, this meant
that in its current wiring configuration, it was impossible to switch the position
of the voltage and current probes via external switching. Consequently, a full van
der Pauw measurement of the resistance was not possible with the equipment in
this configuration. Therefore, in all of the resistance scans shown in this thesis,
the resistance value displayed is the raw value taken at the time of measurement
and is not averaged. The information gained in these scans was only used for the
purpose of observing the general trend in resistance with respect to temperature.
Subsequently, the observed trends were used to finger print the samples material
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characteristics.
The voltage and current measurement apparatus is shown in Figure 5.27 (c). The
current was supplied by a constant source, which was set to a specific value for the
entire scan; i.e. 10 mA for most samples. However, if the resistance of the sample
becomes large enough for the current source to hit the supply rail, the supplied
excitation current then reduces with increasing resistance. In order to mitigate this
effect, and consequently continue measuring the resistance value without changing
the current supply mid scan, the excitation current was observed throughout. This
value of current, along with the detected voltage, was in-putted into a specifically
designed Labview [98] program and was used to calculate the resistance of the sample
using equation 5.66. The resistance was measured continuously at a rate of 4 times
a second throughout the scan.
The procedure for a standard resistance temperature scan was executed in the
following steps. Initially, the sample was set at a starting temperature of 295 K, with
Figure 5.27: Photographs of the low temperature resistance measurement system. (a) shows a
labelled photograph of the sample stage on the cold head. (b) shows photographs of the system:
(b)(i) completely sealed; (b)(ii) of the outer thermal shield and (b)(iii) of the inner thermal shield.
(c) shows a labelled photograph of the resistance measurement apparatus.
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the cryocooler running against the heater in thermal equilibrium. Once the starting
temperature was stable for a few minutes, the continuous resistance measurement
was started. After which the heater was switched off and the sample was cooled
with the full power of the cryocooler down to the desired end temperature. The final
temperature was achieved by balancing the heater against the cryocooler, to achieve
thermal equilibrium at that temperature. The heating scan was then conducted by
turning off the cryocooler, and subsequently the heater, so that the sample returned
to room temperature via ambient heating. Due to the effect of thermal lag (a result
of the temperature sensor and the sample being positioned at a distance from each
other), a large thermal hysteresis between measurements was observed. As such,
the scans shown are of the cooling runs only, as the rate of cooling between scans
should be very close. Consequently, the temperature offset between scans should be
similar. Because of this, however, the absolute values for the transitions observed
should be regarded as approximate.
68
Chapter 6
Characterisation of WOx Thin
Films
6.1 WO3
WO3 in its standard stoichiometric form is an n-type wide band gap semiconducting
oxide. However, the band gap in thin film WO3 is dependent on the grain structure
and as such can range from 2.6 eV to 3.2 eV [6]. Because the band gap increases as
the crystallite size decreases, it can be engineered for specific applications by adjust-
ing the deposition parameters. Consequently, this can be used to tune its chromic
absorption properties and as a result, WO3 in thin film form has an absorption
threshold that is blue shifted from the bulk. Hence thin film WO3 is transparent to
the majority of the visible light spectrum [6].
WO3 is also an electro-chromic and gas-chromic material. This means that via
the use of an applied voltage (electrochromism), or external stimuli, such as the
presence of certain gases (gas-chromic), the visible colour of WO3 thin films can
be reversibly changed [3]. These properties have made thin film WO3 the focus of
various application studies such as: thin film gas sensors [99], electrochromic devices
[100] and applications within solar cell production [101,102].
Tungsten oxide can occur in many other sub-oxidation states between WO2
and WO3, as shown in Figure 6.1. It can be seen that the many different sub-
stoichiometric phases of tungsten oxide occur over a narrow range (73% - 75%) with
respect to the percentage of atomic oxygen.
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Figure 6.1: Phase diagram showing the many different oxidation phases of tungsten oxide which lie
between WO2 and WO3. The notation of WnO3n− 2 and WnO3n−1 indicates a series of phases
which only vary by small deviations in composition and are known as “Magne´li phases”. WO3-A
denotes the solid WO3 phase that occurs in equilibrium with liquid WO3. Further notations, i.e.
WO3-B to WO3-D, show with decreasing temperature each variation of solid WO3 as found in the
literature and reviewed by [103]. Furthermore, for full details of the various phases of WO3 the
reader is directed to this work and the literature cited within. Redrawn from [103].1
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Figure 6.2: Schematic illustration of the ‘ideal’ WO3 cubic structure (a = 3.84A˚ [6]). (a) shows one
unit cell (WO6 octahedron) consisting of 1 W atom (Grey) surrounded by 6 O atoms (Red). (b)
shows multiple unit cells of (a). The WO3 stoichiometry arises as the O atoms are edge shared by
each W atom. The crystal structures were constructed using the VESTA [104] software package.
6.1.1 WO3 Structure
The structural properties of WO3 are complex due to the several phase transitions
that exist between 0 – 1170 K. The W and O atoms arrange themselves in an
octahedral geometry resulting in a WO6 stoichiometry for each octahedron (Fig-
ure 6.2 (a)). The WO3 stoichiometry arises as the W atoms corner and edge share
the O atoms (Figure 6.2 (b)). The arrangement of the octahedra in bulk WO3 de-
termine the crystal phases, consequently producing the following phase transitions:
monoclinic II at ≤ 230 K, triclinic between 230 K and 290 K, monoclinic I between
290 K and 600 K, orthorhombic between 600 K and 1010 K, subsequently leading
to tetragonal above 1010 K [6,107]. Schematic illustrations of the WO3 monoclinic,
orthorhombic, tetragonal and the ‘ideal’ cubic structures are shown in Figure 6.3.
In addition, all these phases are reversible and henceforth the most commonly oc-
curring structure is the monoclinic phase. Reduced dimensionality, e.g. thin film
form, lowers the phase transition temperatures. This has lead to different stable
1Springer and the Bulletin of Alloy Phase Diagrams, volume 10, 1989, page 368, The O-W
(Oxygen-Tungsten) System, H. A. Wriedt, figure 2; with kind permission from Springer Science
and Business Media
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Figure 6.3: Schematic illustration of the monoclinic, orthorhombic, tetragonal and ‘ideal’ cubic
structures of WO3. The crystal structures were constructed using the VESTA [104] software
package. (1) structural and atomic position information from [105]. Additionally, bond length
information for the monoclinic, orthorhombic and tetragonal phases was obtained from [106].
Figure adapted from [6].
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phases at room temperature being observed [108,109].
6.1.2 Growth of Thin Film WO3
The dependence on the microstructure, and subsequent electrical properties of PLD
deposited WO3 thin films, has been found to be primarily influenced by substrate
temperature and oxygen pressure. Fang et al [110] studied the effect of oxygen back-
ground pressure and post deposition annealing on PLD grown WO3. The increase
of oxygen background pressure during deposition was found to raise the resistance
of the film. Fang et al observed at 7 Pa O2 that the film was conducting, at 10 Pa
semiconducting and at 15 Pa the film was measured to be highly resistive. At low
pressure the film develops an oxygen deficiency, changing the stoichiometry resulting
in greater conduction between W atoms. However, higher pressures slow the plasma
plume and increase the collision rate, thus raise the probability of full oxygenation
of the W atoms prior to reaching the substrate, consequently reducing the conduc-
tivity. Additionally, at lower pressures the films were found to be amorphous, but
at O2 pressures of 15 to 20 Pa the films became polycrystalline.
Lethy et al [111] investigated the influence of substrate temperature on the mi-
crostructure of thin film WO3. Three films were deposited at substrate temperatures
of 300 K, 523 K and 673 K within an oxygen background. Optically, the films were
translucent at 300 K and transparent at the higher temperatures. All three films
were found to have triclinic contributions but were predominantly in the orthorhom-
bic phase, preferably texturing in the (001) direction. Furthermore, the grain size,
and consequently the surface roughness, was found to decrease with increasing sub-
strate temperatures. At 300 K the film exhibited porous gaps at the crystallite grain
boundaries; these subsequently decreased in size at the higher deposition tempera-
tures.
The epitaxial growth of WO3 on SrTiO3 has been less studied. Garg et al [112]
studied the influence of substrate temperature on the epitaxy of magnetron sput-
tered WO3 thin films grown on SrTiO3 (100) substrates. Garg et al observed that
at all substrate temperatures investigated (500 ◦C to 850 ◦C), the films exhibited
strong preferential [001] texture. However, at substrate temperatures higher than
500 ◦C the films showed a secondary (020) texture; the degree of which was depen-
dent on the substrate temperature. Additionally, texture pole figure analysis of the
(222) WO3 lattice reflection demonstrated four fold symmetry which confirmed the
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[001] epitaxy with the SrTiO3 substrate. Further pole figure analysis of the (112)
WO3 lattice reflection allowed the degree of epitaxy to be quantified. Garg et al
observed that the four fold symmetry was once again present in all films, however,
additional poles were present in films grown at substrate temperatures higher than
500 ◦C. This indicated that additional orientations were present within these films
and that the greatest degree of film to substrate epitaxy occurred at 500 ◦C.
Hussian et al [113] as part of a larger growth study of WO3, briefly investigated
influence of background O2 pressure on the growth of epitaxial WO3 by PLD on
SrTiO3 substrates. The films investigated were grown at 600
◦C and were found to
predominantly texture in the (002) WO3 lattice reflection. Additionally, the films
were found to have a contribution from the (020) lattice reflection, the strength of
which appeared to reduce with increasing O2 deposition pressure. The contribution
from the (020) lattice reflection was almost fully suppressed at an O2 pressure of
150 mTorr, indicating improved epitaxy with respect to films deposited at lower
pressures.
The effect of laser fluence is a crucial parameter to be investigated in any PLD
thin film study [114–116], yet very little work has been done in this area for the
case of WO3. However, some preliminary work (as part of a larger investigation)
on the effect of laser fluence on the surface morphology of WO3 thin films has been
carried out by Filipescu et al [117]. In this investigation films were deposited from an
elemental tungsten target using RF assisted PLD. The films grown for the purpose
of fluence comparison were deposited at 400 ◦C on corning glass substrates. The
morphology was found to become smoother and more compact with a reduction
in droplet density, suggesting an overall improvement to the film quality at lower
fluence values.
6.2 X-ray Diffraction
6.2.1 Introduction
X-ray diffraction (XRD), is an invaluable technique for the structural analysis of
thin films. In the standard Bragg-Brentano geometry (disscussed in section 5.1.1.4),
information can be yielded that allows for the determination of the primary orien-
tational texture, crystallite size and overall crystallisation of a thin film. If the
film is polycrystalline with a weak texture, it may also be possible to identify the
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Figure 6.4: PDF card number 01-072-0677 for monoclinic WO3. This card was primarily used for
the orientation identification of the WO3 films presented in this section. Modified from [118].
phase in which the film has crystallised; however, typically this requires additional
characterisation.
At this point it should be noted that the standard Bragg-Brentano geometry
does have some limitations when used to investigate thin films. Firstly the X-ray
penetration depth under normal scan ranges (i.e. not grazing incidence), typically
exceeds the film thickness and therefore will sample the substrate as well as the
film under investigation [52, 64]. Furthermore, the Bragg intensity recorded for a
particular reflection will be strongly dependent on the film thickness as well as the
overall crystallisation of the film, as more crystallites will be sampled from a thicker
film. For this reason, the films compared in each series have been grown to the same
thickness (determined by XRR), unless otherwise stated. Also the contribution from
the substrate in each XRD scan has been indicated so that the film contribution
can be easily identified.
All of the lattice reflections displayed in the XRD figures shown in this thesis
were identified using powder diffraction files (PDF), which were produced by the
International Centre for Diffraction Data (ICDD). Figure 6.4 shows the powder
diffraction data for the WO3 monoclinic phase in the typical PDF-Card format
(redrawn from [118]). However, thin films are usually influenced by the substrate
that they are grown on and consequently are very often strained. This can cause
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Table 6.1: 2θ and d-spacing values for key orientations used in this study. The values shown here
for the orthorhombic and monoclinic WO3 phases were obtained from [119] and [118] respectively.
WO3 Orthorhombic
2θ (Degrees) d(A˚) h k l
22.9195 3.877 0 0 2
23.4844 3.785 0 2 0
24.2279 3.6705 2 0 0
28.559 3.12294 1 1 2
29.3694 3.03858 2 1 1
46.8263 1.9385 0 0 4
48.0352 1.8925 0 4 0
49.6331 1.83525 4 0 0
50.0975 1.81932 1 1 4
50.2051 1.81567 3 2 2
53.0311 1.72538 0 2 4
53.4066 1.71413 2 0 4
53.8623 1.7007 0 4 2
WO3 Monoclinic
2θ (Degrees) d(A˚) h k l
23.1095 3.84555 0 0 2
23.5792 3.77 0 2 0
24.3487 3.65257 2 0 0
28.6044 3.11808 -1 1 2
28.9139 3.08541 1 1 2
29.3762 3.0379 -2 1 1
29.6782 3.00767 2 1 1
33.2523 2.6921 0 2 2
33.5496 2.66892 -2 0 2
34.151 2.62329 2 2 0
47.2326 1.92277 0 0 4
48.2384 1.885 0 4 0
49.8935 1.82628 4 0 0
50.2057 1.81565 2 3 2
50.319 1.81183 -1 1 4
50.7046 1.79895 3 2 2
50.7046 1.79895 1 1 4
50.832 1.79474 0 3 3
53.0812 1.72387 4 1 1
53.4494 1.71286 -2 0 4
53.6581 1.70669 -3 3 1
deviations from the d-spacings shown in the PDF files. In some of the results
displayed here this has led to Bragg reflections occurring at scattering angles in-
between bulk phases. In these cases the deposition conditions and other information
needs to be taken into account in order to make a sensible statement about the phase
of the film.
Due to the large number of structural and sub-stoichiometric oxide phases of
WO3, only the key orientations from the orthorhombic and monoclinic are shown in
Table 6.1. These two phases were present in many of the films investigated in this
section, but other phases, as described in the text, were also identified.
76
Figure 6.5: XRD scan of WO3 target used for this investigation.
It should be noted that for less oxidised films the W5O14 [120], W18O49 [121] and
the WO2 [122] PDF cards have been used for orientation and structure determina-
tion.
The targets that were used for the deposition of all the WO3 films were commer-
cially bought stoichiometric WO3 ceramic targets as described in section 4.3. Figure
6.5 shows the XRD pattern taken for one of the targets used. The target pattern
exhibits the characteristic WO3 triplet in the 23
◦ - 25◦ 2θ region, which can be
observed in the PDF card shown in Figure 6.4. The positions of the Bragg peaks in
this triplet are at scattering angles of 23.1◦, 23.6◦ and 24.4◦ 2θ corresponding to the
(002), (020) and (200) monoclinic WO3 lattice reflections respectively. Additionally,
the relative intensities of this triplet corresponds closely with the monoclinic PDF
card shown in Figure 6.4.
6.2.2 Preliminary WOx Film Optimisation: Influence of Sub-
strate Temperature and Oxygen Pressure
In order to find the optimum growth conditions for the growth of sub stoichiomet-
ric WO3, a preliminary investigation was carried out; where a constant fluence of
5.2 J cm−2 was chosen whilst the substrate temperature and oxygen pressure were
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varied.
Figure 6.6 shows XRD scans of WOx films grown at several different substrate
temperatures at a constant deposition pressure of 2.5× 10−2 mbar O2. The film
deposited at 400 ◦C exhibits several Bragg peaks, the most prominent of which is
located at a scattering angle of 22.88◦ 2θ, relating to the (600) W5O14 tetragonal
phase. The asymmetry of this peak indicates the presence of an additional lattice
reflection, suggesting a slight contribution from the (001) W5O14. Additionally,
several minor peaks can be observed at scattering angles of 28.32◦, 32.78◦, 46.97◦,
49.89◦ and 53.33◦ 2θ corresponding to the (331) W5O14/(112) WO3, (660) W5O14,
(1200) W5O14, (400) WO3 monoclinic and the (204) WO3 orthorhombic lattice
reflections respectively. Given the variation, not only in the oxidation state but
also the structure of the crystallites present here, it suggests that the film is not
uniformly oxidised and thus of mixed phase. Furthermore, this indicates that the
film is not fully crystallised at this substrate temperature.
At a substrate temperature of 500 ◦C, a comparable number of Bragg peaks
with respect to the 400 ◦C film can be observed. However, the most intense peak
occurs at a comparatively higher scattering angle of 22.92◦ 2θ, which corresponds to
the (002) WO3 orthorhombic lattice reflection. The asymmetric shape of this peak
suggests that there are small contributions from the (020) and (200) WO3 lattice
reflections. Similar to the 400 ◦C film, there are a number of additional minor
peaks, which occur at 28.38◦, 46.99◦, 50.02◦ and 53.33◦ 2θ relating to the (331)
W5O14/(112) WO3, (004), (114) and the (204)/(024) WO3 orthorhombic lattice
reflections respectively. With the exception of the peak at 28.38◦ 2θ, all the other
lattice reflections are close to, or match the WO3 orthorhombic phase, strongly
indicating that the film has crystallised in this structure. Overall, in comparison to
the 400 ◦C film, the film deposited at 500 ◦C is far better crystallised, as shown by
an increase in the intensity exhibited by all present Bragg reflections.
At this point the position of the (331) W5O14/(112) WO3 reflection in these two
films requires some discussion. Firstly, it should be noted that the d-spacing for a
given lattice reflection changes only slightly between oxidation states and structural
phases. Because of this, it is unclear in either of these films exactly which phase
the Bragg reflections seen at 28.32◦ and 28.38◦ 2θ for the 400 ◦C and 500 ◦C films
respectively, arise from. The bulk peak positions for the (331) W5O14 tetragonal
and the (112) WO3 orthorhombic lattice reflections are 28.51
◦ [120] and 28.56◦ 2θ
[119] respectively. As the (331) W5O14 is closest to the values observed in these
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Figure 6.6: XRD scans of WOx films deposited on native oxide Si (100) substrates showing the
dependence on the micro structure with respect to the deposition temperature. The films were
grown at substrate temperatures of 600 ◦C (blue), 500 ◦C (red) and 400 ◦C (Green). All films were
grown under a constant O2 pressure of 2.5×10−2 mbar and using a laser fluence of 5.2 J cm−2. (a)
shows the full scan range, whilst (b) and (c) show the 21-25◦ and 27-30◦ 2θ regions respectively.
Included in panels (b) and (c) are the peak fits used to determine the peak positions stated in the
text for these reflections: the envelope (black solid line); individual peaks (grey solid line) and the
baseline (grey dashed line). The scans in all panels have been shifted in intensity for clarity.
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films, it could be argued that these reflections occur from this phase. However,
when considering the deviation from the position of these lattice reflections in both
films with respect to the (331) W5O14/(112) WO3 bulk values, it can be seen that
it is greater than the angular difference between the two phases. This coupled with
the fact that all other reflections observed at 500 ◦C occur from the fully oxidised
orthorhombic phase, shows that realistically the exact lattice plane from which this
reflection occurs cannot be reliably determined. Nonetheless, the large difference
between the film and bulk lattice positions may be explained by induced in-plane
strain on these crystallites.
In both films the peak position is shifted to lower scattering angles than is seen
in the bulk phases. This subsequently shows that the crystallite d-spacing is larger
than the bulk. Given that the d-spacings measured in standard Bragg-Brentano
geometry show the out of plane values, for these crystallites it can be concluded that
there is an expansion out of plane with respect to the bulk value. Consequently,
this indicates that there is a reduction of the in plane lattice reflection of these
crystallites, which would suggest that they are compressively strained. A possible
explanation for this strain may arise from the textured polycrystalline nature of
these films. The observed polycrystalline structure implies that these films are made
up of small grains, with most of them orientated in the primary (600) W5O14 or
(002) WO3 texture out of plane (see section 5.1.1.5 for an explanation of preferential
orientation and texture). It is possible that the way in which these grains tessellate
themselves on the surface allows for small vacancies whereby it is more energetically
favourable for the (331) W5O14/(112) WO3 to grow. In the case of these two films,
however, the combination of the surrounding crystallite orientations and their grain
size may contribute to the in-plane compressive strain of the (331) W5O14/(112)
WO3 grains.
The film deposited at 600 ◦C shows a very similar textured polycrystalline struc-
ture to that at 500 ◦C. Once again the most prominent peak has shifted to a higher
scattering angle of 23.06◦ 2θ. This peak position lies between the orthorhombic and
monoclinic (002) WO3 lattice reflections, indicating that this film is textured in an
intermediate phase. Additionally, a shoulder can be observed at 23.49◦ 2θ, arising
from the (020) WO3 orthorhombic lattice reflection. The existence of this feature
is now obvious due to the reduction of peak width of the (002) lattice plane, indi-
cating that the crystallite size has increased at this higher substrate temperature.
As the substrate temperature is increased there is more thermal energy available
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for surface diffusion of deposited species, which increases the possibility that this
material will find existing nucleation sites, leading to larger grain sizes and better
overall crystallisation.
As with all films in this series, the 600 ◦C film shows several minor peaks in
addition to the primary texture. These occur at 28.63◦, 47.16◦, 50.33◦ and 53.67◦
2θ corresponding to the (-112), (004), (-114) and the (-331) WO3 monoclinic lattice
planes respectively. With the exception of the (004), all of these reflections are
very close to the bulk WO3 monoclinic structure; further indicating a change in
phase from orthorhombic to monoclinic. Closer inspection of the (-112) WO3 mono-
clinic reflection, at 28.63◦ 2θ, reveals some interesting details. Firstly, this reflection
has shifted to a comparatively higher scattering angle than observed for the (331)
W5O14/(112) WO3 reflections at lower substrate temperatures. Consequently, given
that this reflection lies very close to the bulk position of 28.60◦ 2θ [118], it can be
seen that these crystallites are no longer compressively strained as was previously
observed. Furthermore, the peak shape of this reflection is broader and not as strong
as at 500 ◦C. This implies that not only are these crystallites smaller in size, but
also that there are fewer of them at this substrate temperature. The reduction of
the crystallite size of the (-112) lattice reflection may explain the relaxation of the
compressive strain on these crystallites at 600 ◦C, as this would leave more room
between grains.
Overall, the position of the most intense reflection in all these films (indicating
the principal out of plane orientational texture), is shifting to higher scattering
angles as the deposition temperature is increased. This shows that the out of plane
lattice parameter is decreasing. This change in lattice parameter could be a result
of either a volume change in the unit cell, i.e. from a change in oxidation, or strain
in the film. For example, when comparing the (002) WO3 reflection present on
the 600 ◦C film with the bulk monoclinic peak position, the induced strain from
this peak shift would be ∼0.2 %. Cairns et al found that the fracture strain for
indium tin oxide (ITO) deposited on flexible substrates was ∼2.3 % [123]. Given
that the strain calculated here is far less than this, it is reasonable to suggest that
the difference in peak position from the bulk WO3 structure may be due to strain.
The difference between the 400 ◦C - 500 ◦C films are, however, partially a result of
the increase in the oxidation state, as shown by the change in phase. Nevertheless,
when considering all films in this series, the change in oxidation of the film is unlikely
to be the only reason for the change of out the of plane lattice parameter. Another
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potential factor influencing film growth is that of substrate to film mismatch. The
large lattice mismatch that exists between the Si substrate (5.4 A˚ [16]), and the
WOx film (WO3 pseudo cubic lattice parameter is 3.84 A˚ [6]) is likely to induce
tensile strain. As the film tries to match the substrate lattice, its in-plane lattice
parameter will increase. If it is assumed that there is little change of the unit cell
volume, then this would cause the out of plane lattice parameter to decrease.
As a result, it is reasonable to assume that the films shown in Figure 6.6 exhibit
an increase in tensile strain as the substrate temperature is increased. At lower
substrate temperatures the deposited material has less energy available for diffusion
processes, effectively freezing it to wherever it initially impinges on the substrate. As
additional energy is required to match the substrate lattice, this therefore makes it
more energetically favourable to coalesce with other deposited material rather than
the substrate. At this point cohesion to existing nuclei becomes greater than the
adhesion to the substrate, which is shown by the 500 ◦C film as it almost matches
the bulk orthorhombic phase, rather than existing in a strain induced intermediate
phase. Upon increasing the substrate temperature, more energy is available to
adhere to the substrate, consequently giving rise to the film straining as it becomes
more energetically favourable to match the substrate lattice parameter. At 600 ◦C
this results in the out of plane d-spacing of the primary (002) texture to lie between
the orthorhombic and monoclinic bulk values.
Figure 6.7 shows XRD scans of WOx films grown under different O2 background
pressures; the substrate temperature was kept at 500 ◦C for this series. The film de-
posited at the lowest O2 pressure of 2.5× 10−3 mbar exhibited only two observable
Bragg reflections at 23.20◦ and 32.72◦ 2θ corresponding to the (111) WO2 and (660)
W5O14 lattice planes respectively. The presence of these sub-stoichiometric phases
show that at this pressure the film is under oxidised. The poor crystallisation of
this film is evident as the intensity of the Bragg reflections are the lowest of any of
the films in this series. At 1× 10−2 mbar a slight increase in the Bragg intensity
with respect to the 2.5× 10−3 mbar film can be observed, showing an improvement
in crystallisation. As a result, three Bragg reflections are now present at scattering
angles of 23.15◦, 28.18◦ and 32.76◦ 2θ occurring from the (002) WO3 monoclinic,
(-112) WO3 monoclinic and the (660) W5O14 lattice planes respectively. The ex-
istence of both WO3 and W5O14 phases indicates that although the film is more
oxidised, it is still slightly sub-stoichiometric at this deposition pressure. As the
deposition pressure is increased to 1.75× 10−2 mbar, the film growth changes to a
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Figure 6.7: XRD scans of WOx films deposited on native oxide Si (100) substrates showing the
dependence on micro structure with respect to deposition pressure. The films were deposited
under various O2 background pressures at a constant substrate temperature of 500
◦C and using a
laser fluence of 5.2 J cm−2. O2 pressure increasing from bottom to top: 2.5× 10−3 mbar (Green),
1× 10−2 mbar (Light Blue), 1.75× 10−2 mbar (Orange), 2.5× 10−2 mbar (Red), 3.25× 10−2 mbar
(Light Grey) and 4× 10−2 mbar (Purple). (a) shows the full scan range, whilst (b) and (c) show
the 21-25◦ and 27-35◦ 2θ regions respectively. Included in panels (b) and (c) are the peak fits used
to determine the peak positions stated in the text for these reflections: the envelope (black solid
line); individual peaks (grey solid line) and the baseline (grey dashed line). The scans in all panels
have been shifted in intensity for clarity.
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[001] single primary texture, which is shown by sole Bragg reflection at 22.98◦ 2θ
relating to the (002) WO3 orthorhombic lattice plane. However, the film once again
does not appear to be fully crystallised. The largely non-linear background through-
out most of the 15◦ - 60◦ 2θ angular range (see Figure 6.7 (c) orange trace), implies
that much of the film is amorphous; the short range ordering contributes to the
overall background as broad peaks, which centre around the average d-spacing of
the non-crystalline material.
Further increasing the deposition pressure to 2.5× 10−2 mbar (the pressure used
in the films shown in Figure 6.6), results in a large enhancement of the primary
[001] texture. This is indicated by the increase in Bragg intensity of the peak
located at 22.92◦ 2θ, which corresponds to the (002) WO3 orthorhombic lattice
reflection. Furthermore, at this deposition pressure the overall crystallisation has
also improved, as evident by the presence of several additional Bragg peaks; the
details of which have been examined in the discussion of Figure 6.6 for the 500 ◦C
film. As a whole, it appears that this film has crystallised in the orthorhombic
WO3 phase and is most likely fully oxidised or at least very close to stoichiometric
WO3. The film deposited at a pressure of 3.25× 10−2 mbar exhibits a very similar
polycrystalline structure to the film deposited at 2.5× 10−2 mbar. However, at this
higher deposition pressure the most intense Bragg peak has shifted to a greater
scattering angle of 23.04 ◦ 2θ, which lies in-between the (002) WO3 orthorhombic
and monoclinic bulk positions. Consequently, this suggests that this film exists
in an intermediate phase of WO3. Additional peaks can be observed at scattering
angles of 28.56◦, 32.87◦, 47.16◦ and 50.16◦ 2θ corresponding to the (112), (022) WO3
orthorhombic and the (004), (232) WO3 monoclinic reflections respectively. Further
to the primary [001] texture, the existence of these minor Bragg peaks highlight the
mixed phase of this film.
At the highest deposition pressure of 4× 10−2 mbar the film is almost identical
to the film deposited at 3.25× 10−2 mbar, showing only small changes in the minor
peak positions. The most prominent peak occurs at the same scattering angle of
23.04◦ 2θ indicating an out of plane (002) WO3 primary texture. Of the additional
minor Bragg reflections, which can be seen in both films, there is one notable change:
the position of the (112) WO3 lattice reflection, with respect to the film deposited at
3.25× 10−2 mbar, has shifted to a higher scattering angle of 28.62◦ 2θ corresponding
to the (-112) WO3 monoclinic lattice reflection. This small change indicates that
at the highest deposition pressure the film structure has altered slightly to become
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Figure 6.8: Illustration showing how in plane stress can be induced by highly energetic interstitial
particles from the plasma plume. (a) highly energetic particles impinge on the growing film. (b)
as the particles strike the growing film, a number may get implanted below the surface. (c) the
presence of these interstitials can cause an in-plane expansion of the lattice. As such, this provides
a good analogy to how interstitial oxygen could cause an in-plane lattice expansion. Redrawn from
[124].
closer to that of the monoclinic phase. Overall, when considering film crystallisation
very little improvement can be seen to occur at deposition pressures greater than
2.5× 10−2 mbar, as is evident by the lack of any observable change in the intensity
for all of the Bragg reflections in these films. Consequently, this further suggests
that beyond a minimum deposition pressure of 2.5× 10−2 mbar, the films are most
likely stoichiometric WO3.
Upon comparison of all the films displayed in Figure 6.7, an observable trend in
the position of the Bragg reflection located in the 22-24◦ 2θ region can be seen. This
reflection shifts to lower scattering angles with increasing deposition pressure, up to
a pressure of 2.5× 10−2 mbar. Further increasing beyond this pressure results in this
reflection shifting slightly back to a higher scattering angle. At low pressures this
shift is most likely a direct consequence in the change of oxidation state of the film.
As the film becomes more oxidised, the lattice parameter of the material will increase
due to the greater number of oxygen atoms present in the unit cell, thus causing the
scattering angle to decrease. Assuming that at a pressure of 2.5× 10−2 mbar the film
is stoichiometric WO3 (see section 6.5.1 for XPS characterisation of films deposited
using various laser fluences at this deposition pressure), no further change to the
oxidation state should occur. As a consequence, the shift of this Bragg reflection to
higher scattering angles, upon further increasing of the deposition pressure, is likely
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to be caused by in-plane tensile strain.
Figure 6.8 shows how energetic interstitial atoms can cause an in-plane expansion
of the lattice [124]. This idea may provide an analogy to how interstitial oxygen
can have the effect of increasing the lattice in-plane, causing tensile strain in the
film. Rather than high energy atoms being implanted into the film as a result of
the energetic plasma plume impinging on the film surface, interstitial oxygen may
be incorporated as the film grows. The additional atoms cause the lattice to expand
in-plane resulting in a reduction in the out of plane d-spacing.
Alternatively, it is known that under certain growth conditions high deposition
pressures can cause the porosity of WO3 thin films to be enhanced [6]. Considering
the films discussed here, the greater porosity within the film structure could produce
additional strain. This may influence the grain structure such that the crystallites
are compressed out of plane, thus causing the reduction in the d-spacings observed
for the films deposited at a pressure above 2.5× 10−2 mbar.
6.2.3 Target Preconditioning Effects
Upon the initial investigation of laser fluence on the WOx film properties, large
inconsistencies were observed between successive film depositions under identical
deposition conditions. Target preconditioning from the previous laser fluence used
proved to be a significant factor, which affected the overall crystallisation and crys-
tallite size present in the film, in addition to the film structure.
Figure 6.9 shows XRD scans of WOx films on native oxide Si (100) deposited
under identical conditions (see figure caption for parameters). Figure 6.9 (Green)
was deposited on the same target area that had been used for a 9.7 J cm−2 deposition
previously, whilst Figure 6.9 (red) was deposited from a 12 J cm−2 pre-conditioned
target area: the same as the deposition fluence for both films. For future reference
these films will be referred to as deposited using non-consistent (Figure 6.9 Green),
and consistent (Figure 6.9 Red) ablation fluence. At first glance both films exhibit a
similar textured polycrystalline structure that has been observed in Figure 6.6 and
Figure 6.7. Furthermore both films exhibit a primary WO3 (002) texture.
However, differences can be seen upon examination of the detail. Structurally,
the variation between the two films is slight. The position of the WO3 (002) Bragg
reflection for the non-consistent fluence film is at a scattering angle of 23.15◦ 2θ,
which is larger than the bulk WO3 monoclinic value. This implies that the non-
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Figure 6.9: XRD scans of WOx films deposited on native oxide Si (100) substrates showing the
dependence on the micro structure with respect to the target preconditioning fluence. The films
were grown under the same conditions but deposited from different parts of the target which were
preconditioned with a fluence of 9.7 J cm−2 (Green) and 12 J cm−2 (Red). Both films were
deposited at a substrate temperature of 500 ◦C and a deposition pressure of 2.5× 10−2 mbar O2
using a fluence of 12 J cm−2. (a) shows the full scan range, whilst (b) shows the 20-27◦ 2θ region.
Included in panel (b) are the peak fits used to determine the peak positions stated in the text for
these reflections: the envelope (black solid line); individual peaks (grey solid line) and the baseline
(grey dashed line). The scans in all panels have been shifted in intensity for clarity.
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consistent fluence film is exhibits a structure distorted from the bulk monoclinic
phase. In contrast the location of the (002) WO3 reflection occurs at 23.08
◦ 2θ in
the case of the consistent fluence film. As has been observed previously for the
preliminary temperature (Figure 6.6) and pressure series (Figure 6.7), this peak
position for the consistent fluence film appears to exist in a intermediate structure
between the bulk WO3 orthorhombic and monoclinic phases. Additionally, the (020)
and (200) WO3 monoclinic reflections can be observed as prominent shoulders of the
(002) reflection, occurring at scattering angles of 23.65◦ and 24.33 ◦ 2θ respectively
from the non-consistent fluence film. However, the consistent fluence film does not
show these obvious shoulders; although the asymmetry of the (002) peak suggests the
existence of these reflections. When considering the total peak width of the (002),
(020), (200) triplet for the non-consistent film and the asymmetric (002) peak for
the consistent film, it can be seen that the width at the base is similar. Given that
the WO3 (020) and (200) reflections are clearly observable for the non-consistent
film but not for the consistent film, this therefore implies that the individual peak
widths for the (002), (020) and (200) Bragg reflections for the non-consistent film is
less than the consistent film. Consequently, suggesting that larger grains are present
in the non-consistent film.
Finally, the most obvious difference between the two films is the overall peak
intensity of the WO3 (002) Bragg reflection. The consistent film exhibits a larger
overall Bragg intensity than the non-consistent film, which indicates that there is
more crystallised material present. This could be due to better overall crystallisation
of the consistent film, or that this film is thicker as a result of improved ablation
efficiency from this area of the target; although it is most likely to be a combination
of these two factors. Overall, further to the structural disparity already discussed,
the variation in the grain size and overall crystallisation between these two films is
a direct result of the pre-ablation condition of the target.
The pre-ablation condition of the target is most likely influencing the ablation re-
sistance of these areas, which would therefore cause a variation in the deposition rate.
Consequently, the difference in deposition rate may provide some explanation for
the observed deviation of the grain size and overall crystallisation between the two
films. Assuming that the consistent film is indeed thicker than the non-consistent
film, then this therefore implies that the consistent fluence conditioned area is less
ablation resistant, resulting in a higher deposition rate than the non-consistent con-
ditioned area. The higher rate would provide a greater flux of material reaching the
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substrate per pulse, giving more energy to the growing film, which would improve
the overall crystallisation. However, the lower deposition rate for the non-consistent
film would reduce the amount deposited material per pulse, effectively allowing more
time for diffusion to existing nucleation sites, as more pulses are required to reach
the same film coverage. Hence, this would result in larger grains as is indicated by
the non-consistent film.
Figure 6.10 shows XRD scans of WOx films deposited with a fluence of 7.5 J cm
−2
on Si ablated from areas preconditioned with various fluences. Figure 6.10 (green)
was deposited after a 5.2 J cm−2 deposition, whilst Figure 6.10 (blue) was deposited
from an area preconditioned with a 9.7 J cm−2 fluence. Figure 6.10 (orange) and
Figure 6.10 (red) were successively deposited directly after Figure 6.10 (blue), and
were therefore both deposited from 7.5 J cm−2 preconditioned area; the same fluence
at which these films were deposited.
As has been observed previously in Figures 6.6, 6.7 and 6.9, all the films in this
series exhibit a dominant (002) WO3 texture, as evident by the most prominent
peak occurring close to a scattering angle of 23◦ 2θ in all traces. However, the non-
consistent fluence films, (green) and (blue), are inconsistent in the degree of this
texture, which is shown by the difference in Bragg intensity of the (002) texture,
with respect to all other films in the series. Furthermore, these non-consistent flu-
ence depositions also exhibit a disparity in the Bragg peak width, similar to that
observed in Figure 6.9. These inconsistencies in the non-consistent films once again
strongly suggest that these films are not characteristic of the deposition fluence used.
However in contrast, the consistent fluence depositions, shown by Figure 6.10 (Or-
ange) and (Red), exhibit almost identical diffraction patterns. This demonstrates
that the pre-ablation condition was certainly the deposition parameter causing these
inconsistent results. Consequently, these consistent ablation fluence films are most
likely to exhibit the true characteristics of this deposition fluence. Furthermore,
given that both of these films were deposited successively after Figure 6.10 (Blue),
it also shows that the target only requires one raster to pre-condition the target area
with the desired fluence.
Figure 6.11 shows SEM images of different areas of a WO3 target ablated us-
ing various laser fluences: (a) 5.3 J cm−2; (b) 7.6 J cm−2; (c) 10.1 J cm−2; (d)
12.4 J cm−2; and (e) 14.7 J cm−2. At all fluences the morphology looks to have re-
sulted from various degrees of melting and re-solidification. Sequentially, the change
in the target morphology is slight and a trend is not immediately clear. However,
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Figure 6.10: XRD scans of WOx films deposited on native oxide Si (100) at a constant deposition
temperature and pressure of 500 ◦C and 2.5× 10−2 mbar O2 respectively. The films were deposited
using the same fluence value of 7.5 J cm−2, but were deposited from areas of the target precon-
ditioned with different fluences. (Green) and (Blue) were deposited from areas pre-conditioned
using fluence values of 5.2 J cm−2 and 9.7 J cm−2 respectively. (Orange) and (Red) were de-
posited directly after (Blue) using the same target area, hence both films were deposited with the
same fluence used to pre-condition the target.(a) shows the full scan range, whilst (b) shows the
20-27◦ 2θ region. Interestingly, the orange and the red traces can be seen to look almost identical
to each other. As such these films have been preconditioned with the same fluence to which they
were deposited. Consequently, this suggests that this is the characteristic micro structure for this
deposition fluence. The scans in all panels have been shifted in intensity for clarity.
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Figure 6.11: SEM images of different target areas irradiated with fluences of: (a) 5.3 J cm−2, (b)
7.6 J cm−2, (c) 10.1 J cm−2, (d) 12.4 J cm−2 and (e) 14.7 J cm−2. Each image was taken on the
edge of a laser machined ridge as shown in Figure 6.14, as this is where the energy density appears
to be at its greatest (see Figure 6.15 and discussion therein).
if the lowest (a) and the highest (e) fluence are compared, there appears to be a
significant difference in the laser irradiated structure. (a) exhibits the smoothest
and most uniformly melted shape of all the fluences. In contrast, (e) appears to
consist of a higher degree of non-uniform melting, which appears to have preceded
to a greater depth than the other fluences, resulting in a ‘mottled’ morphology. Al-
though subtle, it can be seen from Figure 6.11 that each fluence appears to produce
its own characteristic melt pattern. Considering that Figures 6.9 and 6.10 show
clear changes in the film structure with respect to the pre-ablation condition of the
target, it seems that even these small changes in the laser induced target morphology
appear to be influential to the ablation characteristics of that specific area.
From the figures it becomes clear that the condition of the target area strongly
determines the final properties of the film being deposited. Effectively this makes
this process another parameter that can be used to influence the growth of a thin
film. In light of this, for the remainder of the depositions presented in this thesis,
all depositions took place after the target area had been preconditioned with the
fluence that was to be investigated.
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6.2.3.1 Target Degradation and Etch Pit
In addition to the effects of target pre-conditioning, due to laser power, the film’s
final structure and properties were also found to be influenced by the depth and
shape of the etch pit; caused by repeated ablation rasters over the same target area.
The plume was observed to direct itself back towards the laser window after repeated
ablations. This would have the effect of lowering the amount of material reaching
the substrate per pulse, which lowers the deposition rate as well as the total energy
provided to the growing film from the plasma plume. To reduce the rate at which
subsequent laser rasters etched into the target, the z-step size (as defined in section
4.3.1) was increased from 0.25 mm to 0.5 mm. This reduced the number of times
the laser ablated each part of the target by a factor of 1.5 per raster; as the laser
spot size is approximately 0.75 mm2. The plume redirection effect from repeated
ablations was observed to be significantly reduced for successive depositions.
Figure 6.12 shows WOx films deposited on SrTiO3 (100) under the same deposi-
tion conditions (details of which are stated in the Figure caption); with the exception
of Figure 6.12 (Blue) which was deposited at a reduced laser repetition rate of 5 Hz,
rather than the usual 10 Hz repetition rate used for all other depositions. Figure
6.12 (Red) was deposited with the increased 0.5 mm z-step size and Figure 6.12
(Green) was deposited using the 0.25 mm z-step size. All films exhibit a large peak
in the region around 23◦ 2θ. However, the shape of this peak, and consequently the
dominant texture of the film, differs.
Figure 6.12 (Red) exhibits a strong asymmetry to this Bragg reflection yet a
narrower overall peak width in comparison to the other films. Given that the point
of greatest intensity of this peak occurs at a scattering angle of 23.1◦ 2θ, it conse-
quently indicates that this film has a dominant (002) WO3 texture. Although the
asymmetric tail to this peak suggests contributions from the (020) and (200) WO3
Bragg reflections, due to the reduction of Bragg intensity with respect to increasing
scattering angle, the degree of these textures are secondary to the (002) WO3 lat-
tice reflection. In contrast, Figure 6.12 (Green) shows a broad yet symmetric peak
with a centroid position of 23.6◦ 2θ, which is slightly shifted to a higher scattering
angle from Figure 6.12 (Red). The broadness of this peak suggests that the film
is again made up from a combination of (002), (020) and (200) WO3 crystallites
(see sections 6.2.4 and 6.3.2 for further discussions related to this). However, the
distribution of these has centred around a primary (020) texture, as indicated by
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Figure 6.12: XRD scans of WOx films deposited on SrTiO3 (100) showing the dependence on
the micro structure with respect to target degradation and laser repetition rate. All films were
deposited under the same deposition parameters of 500 ◦C substrate temperature, 2.5× 10−2 mbar
O2 process gas pressure, and a deposition fluence of 10.1 J cm
−2. (Red) and (Green) were deposited
at a repetition rate of 10 Hz, but with z-step sizes of 0.5 mm and 0.25 mm respectively. (Blue) was
deposited using a repetition rate of 5 Hz with a 0.5 mm z-step size. The scans have been shifted
in intensity for clarity.
the centroid position of the peak. Furthermore, the very rounded broad shape also
suggests a greater deviation in the d-spacings of these crystallites indicating that
the grain size is smaller in this film. As the only difference between the two films
discussed here is the z-step size, the change in the films texture and degree of crys-
tallisation can only be due to the difference in target degradation as a result of the
two different raster paths.
As previously mentioned, the main influence of this target degradation in these
experiments primarily caused a large redirection of the plasma plume. This can
cause multiple effects resulting in deviation in the final film properties. For exam-
ple, in a recent review paper of the early PLD oxide work by Venkatesan [9], it is
highlighted that the material ejected from the plume at an angle of greater than
20 degrees from the centre of the plume, consists of more non-stoichiometric ther-
mally evaporated material. With respect to the depositions shown in this thesis,
this would suggest a large reduction in energy transfer to the substrate from the
plasma plume as a result of the redirection. Finally, this also may indicate that due
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to the reduction of stoichiometric transfer of material from the target, that in the
case of depositing WO3 the W to O ratio reaching the substrate will change, causing
an alteration in the amount of oxygen supplied to the film from the O2 process gas
pressure. Consequently, this may influence the film crystallisation process. How-
ever, given that WO3 is a basic binary system and that the process gas pressure is
quite high (reducing the plume energy as a result), the effect of non-stoichiometric
material transfer from the target on the film structure is probably not as influential
as the change in the deposition rate, which results from the plume redirection.
PLD by its very nature has two ways of defining its deposition rate: the average
rate (nm/s) and the instantaneous rate (nm/pulse) [55]. The average rate is defined
by:
Average rate (nm/s) = Instantaneous rate (nm/pulse)× Repetition rate (Hz)
(6.1)
This in reality means that although the average deposition rate may remain
constant, the underlying mechanics involved can be different. For example, a high
instantaneous rate deposited at a low repetition rate gives an equivalent average
rate to that of a low instantaneous rate and high repetition rate. In the first case
there are large amounts of material reaching the substrate, but the time between
each pulse is increased. This provides more time for the deposited material to dif-
fuse to energetically favourable locations before the next plume of ablated material
arrives [125]. In the latter case the time between pulses is reduced, but the amount
of material impinging upon the substrate is also reduced. Provided that the energy
at the substrate is equivalent for both cases, less diffusion time would be required
to attain the same degree of ordering that would be present in the first case. Ad-
ditionally, these two processes also differ in the instantaneous energy delivered to
the substrate. The more material that reaches the substrate per pulse, the greater
the energy transfer from the plasma plume to the growing film. This is also in
addition to a greater contribution from other beneficial plume processes such as
ion-bombardment [126]. The final properties of the film will be influenced by both
the average and instantaneous deposition rate and the degree of energy transfer to
the substrate from the plasma plume.
When considering the effect of plume redirection, the energy reaching the sub-
strate per pulse from the plume is greatly reduced as is the material transfer. There-
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fore the average and instantaneous rates are also reduced. In order to identify which
of these parameters has greater influenced the film growth, a set of depositions were
conducted at a repetition rate of 5 Hz using a 0.5 mm z-step size on a new area of the
target. This has the effect of maintaining the instantaneous rate and energy transfer
per pulse from the plume whilst lowering the average rate. Effectively investigating
the average rate parameter on the film growth.
As stated previously, Figure 6.12 (Blue) shows this 5 Hz deposition. The shape
of the Bragg peak located in the 23◦ 2θ region in comparison to the other two films
in Figure 6.12, looks to be a combination of the two peak shapes: i.e. there is a
combination of a sharp peak, located at a scattering angle of 23.15◦ 2θ, superimposed
with a broad rounded peak. This indicates that the (002) orientation is enhanced
by the increased plasma plume interaction on the growing film, as the plume is
impinging perpendicular to the film surface, and the high instantaneous rate; both
of these effects will also be present in the 0.5 mm z-step size 10 Hz film (Figure 6.12
(Red)). In contrast, the presence of the rounded peak feature highlights that the
only difference between the two films, the repetition rate, must be responsible for
this behaviour.
Given that the first of these two features seems to be related to the increased
plume interaction and high instantaneous deposition rate, it indicates that the (002)
texture may be a metastable configuration. Therefore, the higher energy flux and
ion bombardment effects that result from the increased plasma plume interaction
with the film, are most likely causing the formation of this principal out of plane ori-
entational texture. The second feature, the broadness of the Bragg peak in question,
appears to occur from the increased time between pulses, for the 5 Hz 0.5 mm z-step
size deposition (Figure 6.12 (Blue)), and the lower instantaneous rate observed from
the plume redirected film (0.25 mm z-step size Figure 6.12 (Green)). In the 10 Hz
0.5 mm z-step size film (Figure 6.12 (Red)), the high flux of energetic material could
be causing unstable nuclei to form on the film surface. As the repetition rate is high,
the next plume strikes the film surface before these nuclei can dissociate, forming
the metastable state suggested previously [55]. However, in the case of the 5 Hz
0.5 mm z-step size film (Figure 6.12 (Blue)), the energy is high enough to form these
unstable nuclei, but now there is larger amount of time between pulses. In this time
the unstable nuclei can disassociate and diffuse to more preferable positions on the
film surface. In the plume redirected 0.25 mm z-step size film (Figure 6.12 (Green)),
these unstable nuclei are probably not formed as the energy from the plume reaching
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the surface of the film is greatly reduced.
At this point it is interesting to note that the SrTiO3 lattice parameter is closest
to the (002) and (020) WO3 lattice plains. In terms of lattice matching the (002)
and (020) would have to lie in plane in order to minimise the lattice strain, thus this
would mean that a (200) texture would be observed in this case. This argument
will be discussed further with respect to the results in section 6.2.5. At this point
though, it is interesting to note that if the (200) texture is indeed the most favourable
structure in terms of strain for the film to grow, it may explain the shift of the Bragg
peak to higher scattering angles, when there is more time available for diffusion. In
light of this, it may be the case that in the latter two of these three films it may
be more energetically favourable to crystallise in small grains that have d-spacings
that span the (002), (020) and (200) WO3 lattice reflections. Hence resulting in the
broad peak shape that is shifted to slightly higher scattering angles with respect to
the 10 Hz 0.5 mm z-step size film.
Considering once again the films shown in Figure 6.12, the films grown on a
relatively new piece of target, with the wider 0.5 mm raster z-step size, (Figure
6.12 (Red) and (Blue)) will have been deposited with higher instantaneous rates in
comparison to depositions grown with the smaller z-step size (Figure 6.12 (Green)).
As has been previously discussed, the reduction of these rates are due to the plume
being redirected away from the substrate; a direct consequence of the increasing
etch pit depth.
Figure 6.13 shows a diagram of the two plume configurations that are resultant
from the etch pit geometry. Figure 6.13 (a) shows the plume direction from a
new area of the target. Here the plume is perpendicular to the target resulting in
maximum deposition flux reaching the substrate. Due to the laser target geometry
(explained in section 4.1.2) the laser spot on the target is elongated as shown in
figure 6.13 (c). This spot shape indicates that most of the laser power is being
dissipated at the end furthest away from the incoming beam window. Consequently,
the total etch pit produced from one raster ends up being deeper at the point
furthest away from the laser window. After multiple rasters over the same area,
the pit processes through the target at an angle that tends towards the laser-target
incidence angle; as shown in figure 6.13 (b). The result is that the plasma plume
starts to become redirected back towards the laser view-port window, significantly
reducing the deposition flux that is incident upon the substrate.
Figure 6.15 shows a SEM image of an area of a WO3 target which has been
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Figure 6.13: Schematic diagram illustrating the plume redirection effect resulting from repeated
ablation of the same target area. (a) shows the normal plume-target geometry of a new area of
target. (b) shows how the plume is redirected by the angled etch pit, which is created by over
irradiation of the target. (c) shows the spot shape on the target surface. It is elongated due to the
45◦ angle between the laser beam and the target surface.
repeatedly ablated using a fluence of 14.7 J cm−2 leaving an angled etch pit. The
morphology of the pit is constructed from plateaus and ridges, the size of which are
determined by the z-step size. The deepest part of the etch pit is (in most cases),
the point of the pit that is furthest from the incoming laser direction, which occurs
due to the process described for Figure 6.13. The pit then transitions to non-ablated
material in a region just beyond the base of the pit. The appearance of this region is
most likely dependent on the laser intensity profile across the projected laser spot.
At the outer edges of the laser spot the energy density will be lower as a result of the
Gaussian intensity profile of the Nd:YAG [127]. Consequently, the material ablated
here will experience far less laser induced damage and as a result is not etched as
quickly. Furthermore, the morphology of this region may be representative to how
the target might be degrading after just a few laser shots of the deposition fluence.
Figure 6.15 shows SEM images of the plateau ((b)-(e)) and ridge ((c)-(f)) fea-
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Figure 6.14: SEM image of the target raster area after successive ablation runs using a fluence of
14.7 J cm−2. Multiple ablations have altered the target morphology such that it is constructed of
ridges and angled plateaus, which result in the entire etch pit being angled; i.e. the furthest point
of the pit away from the laser is at the greatest depth. Additionally, at the furthest point of the
raster area from the laser, there is a transition region between irradiated and non-irradiated target
material. This is most likely due to the non-uniformity in the energy density of the laser spot.
tures of the etch pit and a non-irradiated area ((a)-(d)) of the target for comparison.
In comparison to the non-irradiated area, both ridge and plateau regions show dis-
tinctly different surface morphologies. The plateau morphology exhibits flat melt
patterns, whilst the ridge appears to have undergone non-homogeneous deep melting
resulting in a ‘mottled’ morphology. The flat melt patterns in the plateau region are
similar to laser induced periodic surface structures (LIPSS) seen in low fluence laser
damage studies [128,129]. Although the fluences used here are greater than typically
used in LIPSS studies, the similarities suggest that the local laser energy density
may be reduced in this region. Geometrically speaking, this would be consistent
with the laser spot becoming elongated along the angled plateau regions.
In contrast, the aggressive nature of the melt pattern in the ridge region indicates
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Figure 6.15: SEM images showing (a) and (d) a non-irradiated area of the target, (b) and (e) a
plateau region and (c) and (f) the edge of a ridge. (a)-(c) were imaged at 1000x and (d)-(f) at
5000x magnification.
that the local laser energy density is most likely larger in this area. With respect
to the incoming angle of the laser beam, the ridge region will be closer to normal
incidence and as such the spot size would become greatly reduced, increasing the
energy density. This variation in the local laser energy density could further explain
the redirection of the plasma plume. If indeed the laser energy density is greater at
the ridge edges, then it would mean that the majority of the ablated material would
be ejected from these regions. Furthermore, since the plume propagates normal to
the surface, the material that would be ejected from the ridge would be directed
away from the substrate and back towards the laser view port window.
To minimise etch pit effects, and consequently reduce the plume redirection
effects shown here, the raster step size was increased to minimise repeated abla-
tion over the same target area. This therefore would reduce the rate at which the
ridge-plateau morphology of the etch pit is formed. For the remainder of the films
discussed in this thesis, the z-step size was set to a value of 0.5 mm (see section
4.3.1).
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6.2.4 WO3 on native oxide Si (100)
The influence of the deposition fluence on the growth of WOx thin films was also
investigated. The deposition parameters used were determined from the preliminary
temperature and pressure series shown in section 6.2.2. All films were deposited
using various laser fluences under a constant substrate temperature and O2 process
gas pressure of 500 ◦C and 2.5× 10−2 mbar respectively. As shown in section 6.2.2,
these parameters were chosen as this O2 pressure places these films on the edge of
stoichiometric WO3, whilst the substrate temperature was the minimum required
to produce good crystallisation.
Figure 6.16 shows XRD scans of WOx films grown on native oxide Si (100) at
different fluence values. In general, the films in this series show a similar profile
to that of the 500 ◦C and 2.5× 10−2 mbar film discussed previously in section
6.2.2. As such they all exhibit a (002) WO3 primary out of plane texture and
appear to be close to stoichiometric WO3. Overall, there are no sub-stoichiometric
Bragg reflections present. Interestingly, the (002) WO3 reflection occurs at a larger
scattering angle than the bulk monoclinic phase for all films (with the exception of
the highest fluence film), suggesting that these films may exist in a defected bulk
phase and are consequently very slightly oxygen deficient. As with other WOx films
on Si discussed in this chapter, it is interesting to note that the films in this series
exhibit a strong degree of texture in comparison to other studies of WO3 on Si and
glass highlighted in section 6.1.
With respect to the influence on fluence on film growth, however, the differences
are in the detail of the (002) WO3 Bragg reflection; occurring in the 23
◦ - 25◦ 2θ
region (see Figure 6.16 panel (b) for detail). The lowest fluence 5.3 J cm−2 film
(Figure 6.16 (Yellow)), exhibits all three of the main WO3 lattice reflections: (002),
(020) and (200) occurring at scattering angles of 23.21◦, 23.74◦ and 24.43◦ 2θ re-
spectively. The most intense reflection of this triplet is the (002), which indicates a
primary [001] texture. The existence of the (020) and (200) reflections show that the
film also consists of additional [010] and [100] secondary textures; their contribution
however, is reduced in comparison to the [001].
Upon increasing the fluence to 7.6 J cm−2 (Figure 6.16 (Green)), the overall
intensity of the primary (002) reflection, located at a scattering angle of 23.22◦ 2θ,
has greatly increased. It is interesting to note however, that the base of this Bragg
peak is a very similar overall width to the combined width of the (002), (020), (200)
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Figure 6.16: XRD scans of WOx films deposited on native oxide Si (100) showing the dependence
on the micro structure with respect to deposition fluence. All films were deposited at a substrate
temperature of 500 ◦C, in a process gas pressure of 2.5× 10−2 mbar O2. The films were thickness
normalised to a thickness of close to 30 nm, as determined by XRR. From Bottom to top, the films
were deposited with increasing deposition fluences of: (Yellow) 5.3 J cm−2, (Green) 7.6 J cm−2,
(Blue) 10.1 J cm−2, (Purple) 12.4 J cm−2 and (Red) 14.7 J cm−2. (a) shows the full scan range,
whilst (b) shows the 20-27◦ 2θ region. Included in panel (b) are the peak fits used to determine the
peak positions stated in the text for these reflections: the envelope (black solid line); individual
peaks (grey solid line) and the baseline (grey dashed line). The scans in all panels have been
shifted in intensity for clarity.
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triplet observed at 5.3 J cm−2. This suggests that there is a similar (020), (200),
contribution to the film texture as before, however, the primary (002) texture has
vastly increased. Furthermore, this indicates that the overall increase in crystalli-
sation observed here has formed in the (002) orientation. The strengthening of the
[001] texture is further supported by the presence of the higher order (004) reflection,
which is located at a scattering angle of 47.4◦ 2θ.
Further increasing the fluence beyond 7.6 J cm−2 to 10.1 J cm−2 reduces the
overall width of the asymmetric Bragg reflection located at 23.18◦ 2θ. The reduc-
tion in peak width shows that at a fluence of 10.1 J cm−2, the structure shifts
towards a single [001] texture. However, this appears to be at the cost of the overall
crystallinity of the film, which is indicated by the large reduction in Bragg intensity
of the (002) reflection. Above 10.1 J cm−2 very little improvement or change of the
film structure can be observed; with only a slight increase in the intensity of the
(002) reflection present.
The trend with respect to the overall crystallisation of the films discussed in
this series, may be explained by the balance between the deposition rate and the
additional energy reaching the substrate from the plasma plume. The effect of
changing the fluence not only alters the instantaneous and average deposition rates,
but also changes the average energy of the deposited atoms. What this means is
upon increasing the fluence, the energy available for crystallisation and diffusion
processes is also increased. However, the larger rate means that the time of the
overall deposition is reduced. As a result there is a reduction in diffusion time
available, which limits crystallisation. Ultimately, the fluence providing the best
overall crystallisation demonstrates the optimum balance of diffusion time against
the energy of the deposited species. In terms of overall crystallisation, the fluence
of 7.6 J cm−2 seems to be the best value whereby this optimum balance between
rate and energy occurs.
6.2.5 WO3 on SrTiO3 (100)
The close match between the psuedo cubic WO3 (3.84A˚) [6] and SrTiO3 (3.905 A˚)
[16] lattice parameters makes the use of SrTiO3 (100) substrates a good candidate
for facilitating the epitaxial growth of WO3. Previous studies [112,113] had indeed
shown that epitaxially textured WO3 could be grown on SrTiO3 (100). By using
this substrate the influence of laser fluence on the growth of epitaxially textured
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WOx was investigated. The deposition parameters used for this series are identical
to those described in section 6.2.4.
The XRD scans for the WOx films deposited under various fluences onto SrTiO3 (100)
are shown in Figure 6.17. At first glance the trend with respect to increasing fluence
appears to be similar to the films grown on Si. The crystallisation of the films once
again decreases at the highest fluences, whilst the texture shifts towards a single
[001] orientation; as indicated by the symmetrical Bragg peak located at a scatter-
ing angle of 23.08◦ 2θ on the highest fluence 14.7 J cm−2 film (Figure 6.17 (Blue)).
However, the overall crystallisation of all of the films in this series is far greater than
observed on Si; the Bragg intensity of the films grown on SrTiO3 was observed to be
at least an order of magnitude higher than those deposited on Si. Furthermore, at
low fluences the primary texture, and consequently the location of the Bragg peaks
related to this, are largely different to the Si depositions.
At the lowest fluence of 5.3 J cm−2 (Figure 6.17 (Red)), a large asymmetric Bragg
peak can be observed at a scattering angle of 24.04◦ 2θ, which lies between the bulk
WO3 (020) and (200) lattice reflections. Given that the bulk (020) monoclinic and
orthorhombic lattice reflections occur at 23.58◦ [118] and 23.48◦ 2θ [119] respectively,
and that the bulk (200) monoclinic and orthorhombic lattice reflection occur at
24.35◦ and 24.23◦ 2θ respectively, it makes sense to surmise that this peak is derived
from the (200) lattice plane, and is evidence that the film is strained. Additionally,
the asymmetry of this peak to lower scattering angles suggests that this film is also
comprised of some (020) and (002) orientated WO3; although it is fair to assume
that these orientations would be also distorted away from bulk positions due to
strain effects.
Upon increasing the fluence to 7.6 J cm−2 (Figure 6.17 (Yellow)), the primary
texture of the film has altered with respect to the 5.3 J cm−2 film. As such the Bragg
peak located at a scattering angle of 23.65◦ 2θ has shifted to a lower scattering angle
with respect to the 5.3 J cm−2 film. At this fluence it appears that the film comprises
a mixture of (002), (020) and (200) orientated WO3. The reasonably symmetrical
shape of the peak suggests that the film consists of a fairly even contribution from
each of these orientations; with the (020) being slightly more prominent than the
other two (this is discussed further in section 6.3.2). Overall, these low fluence films
exhibit the highest degree of crystallisation for all the films in the series, which is
supported by the presence of the second order (400) and (040) lattice reflections for
the 5.3 J cm−2 and 7.6 J cm−2 films respectively.
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Figure 6.17: XRD scans of WOx films deposited on SrTiO3 (100) showing the dependence on micro
structure with respect to deposition fluence. All films were deposited at a substrate temperature
of 500 ◦C, in a process gas pressure of 2.5× 10−2 mbar O2. The films were thickness normalised
to a thickness of close to 30 nm, as determined by XRR. From Bottom to top, the films were
deposited with increasing deposition fluences of: (Red) 5.3 J cm−2, (Yellow) 7.6 J cm−2, (Purple)
10.1 J cm−2, (Green) 12.4 J cm−2 and (Blue) 14.7 J cm−2. The final trace in (a) (Light Blue) is a
XRD of a blank SrTiO3 (100) substrate for comparison. (a) shows the full scan range, whilst (b)
and (c) show the 21-26◦ and 44-52◦ 2θ regions respectively. Included in panel (b) are the peak fits
used to determine the peak positions stated in the text for these reflections: the envelope (black
solid line); individual peaks (grey solid line) and the baseline (grey dashed line). The scans in all
panels have been shifted in intensity for clarity.
104
Further increasing the fluence to 10.1 J cm−2 (Figure 6.17 (Purple)), results in
a further change to the primary texture of the film. The primary texture at this
fluence has changed to the (002) WO3 orientation. However, the slight asymme-
try of this peak does suggest a slight contribution from both the (020) and (200)
lattice reflections. As the fluence is increased to the maximum value investigated
of 14.7 J cm−2 (Figure 6.17 (Blue)), the film now consists of almost entirely (002)
WO3. The shift with increasing fluence to the single primary (002) texture, has
come at the cost of overall crystallinity; as was seen on Si.
As with the films grown on Si, the reduction in overall crystallinity with respect
to increasing fluence is due to the balance between energy of the deposited species
against the diffusion time. However, on SrTiO3 the most crystallised films are the
lowest two fluence values; rather than just 7.6 J cm−2. This slight change in crys-
tallisation trend with fluence, indicates that different diffusion processes are present
in the deposition of WOx films on SrTiO3. As such it appears less energy is required
to activate diffusion processes that result in good crystallisation. Furthermore, it
seems that in this system diffusion time is far more important than large energy
transfer from the deposited material.
The angular position of the strong reflection at 24.04◦ 2θ observed from the lowest
5.3 J cm−2 fluence film, indicates that the film is strained with respect to the WO3
bulk monoclinic and orthorhombic phases. The double repeat unit of the SrTiO3
lattice constant is 0.78 nm, whilst the monoclinic [001], [010] and [100] interplanar
distances are 0.77, 0.75 and 0.73 nm respectively [118]. The position of 24.04◦ 2θ
of this reflection relates to an interplanar distance of 0.74 nm (as determined using
the Bragg equation, see section 5.1.1), which suggests it is either expanded from
the [100] or contracted from the [010]. If the volume of the unit cell is conserved,
then the lattice will expand in-plane under tensile strain, which would result in the
reduction of the out of plane d-spacing; as has been discussed earlier in this chapter.
If this is indeed the case, then in order to explain how the film is being strained, the
lattice reflection that the 24.04◦ 2θ peak is derived from needs to be discussed. Even
though this reflection lies closer to the (200) lattice plane as previously suggested, it
may actually be more sensible to suggest that in-fact the (020) reflection lies out of
plane, placing the (002) and (200) reflections in plane. As both of these reflections
would need to expand to match the SrTiO3 lattice, it would cause the (020) out
of plane to become distorted to smaller d-spacings. This would result in a shift
towards higher scattering angles from the bulk WO3 (020) position.
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6.2.6 Summary
The use of XRD in the Bragg-Brentano geometry, has allowed the investigation of the
structure and texture of WOx thin films on native oxide Si (100) and SrTiO3 (100)
substrates under various different deposition conditions. The preliminary deposi-
tions optimised the substrate temperature and process gas pressure for good tex-
tured growth of WOx. The optimum parameters were determined as 500
◦C and
2.5× 10−2 mbar O2 (as discussed for Figures 6.6 and 6.7). The films deposited
under these conditions may be slightly O2 deficient, however, no sub-stoichiometric
phases were present. Furthermore, these parameters exhibited strong (002) WO3
preferential growth.
The influence of preconditioning the target with different fluence values, with
respect to the fluence used for deposition, was investigated. Ultimately, this caused
inconsistencies in crystallisation and structure from depositions under the same de-
position parameters (see Figures 6.9 and 6.10). By ablating the target with different
fluences, the target morphology on the surface is altered. Figure 6.11 shows that
each laser fluence produces subtle differences to the target surface morphology. This
makes the target more or less ablation resistant to the next fluence used. To in-
vestigate the characteristic behaviour of depositing a film using a specific fluence
value, the target was preconditioned with the same fluence to be used for deposition.
Finally, for each fluence a separate piece of the target was used.
Repeated ablation of the target area resulted in an angled etch pit, which redi-
rected the plasma plume away from the substrate. Figure 6.14 and 6.15 shows that
after repeated rasters a ridge-plateau surface morphology is formed. This resulted
in a reduction in the instantaneous and average deposition rates, and also reduced
the energy being supplied to the film from the plasma plume. Expanding the raster
z-step size reduced the plume redirection, and produced a different result to the film
produced from the over irradiated part of the target (see Figure 6.12). By using a
5 Hz repetition rate with the wider z-step size, the influence of the redirected plume
was investigated. It was found that the broadness of the Bragg peak observed in the
plume redirected film, was a result of the reduction in overall rate. The textured re-
sponse, however, observed in the film deposited with the wider z-step size, appeared
to result from the higher instantaneous rate and the additional energy that occurs
from the plasma plume directed on the substrate. Consequently, the z-step size was
set to 0.5 mm from 0.25 mm, in order to reduce the rate at which the target was
106
etched, and thus limit the redirection of the plume.
All films deposited on native oxide Si (100) using various deposition fluences,
were found to be predominantly (002) WO3 orientated as can be observed in Figure
6.16. At the lowest fluence of 5.3 J cm−2, (020) and (200) secondary textures were
also present. At a fluence of 7.6 J cm−2, the highest degree of crystallisation was
observed for the series. Increasing the fluence to 10.1 J cm−2, produced a single out
of plane [001] texture; further increasing the deposition fluence only resulted in a
slight improvement in crystallisation. The shift to the single primary texture was
observed to be at the cost of overall film crystallisation.
Depositing onto SrTiO3 (100) using various deposition fluences provided similar-
ities with films deposited on Si, but with some major differences in texture. Overall,
films on SrTiO3 were far better crystallised than on Si. As with Si, the texture of
the films moved towards a single out of plane [001] texture with increasing fluence
at the cost of crystallisation. The two lowest fluence films were found to have the
best crystallisation of all the films in the series. The lowest fluence film deposited
at 5.3 J cm−2, exhibited a Bragg peak at 24.04◦ 2θ (see Figure 6.17), which may be
derived from the (200) or (020) bulk WO3 lattice reflections. The position of this
peak, which lies in between the (200) and (020) lattice reflections, suggests the film
is strained; most likely as a result of the in plane lattice parameters expanding to
match the SrTiO3 lattice. The film deposited at 7.6 J cm
−2, exhibited a texture that
consisted of an equal mixture of (002), (020) and (200) orientated WO3; with the
(020) being slightly more prominent. At fluence values of 10.1 J cm−2 and higher,
a primary (002) texture was observed.
The drop in crystallisation with respect to increasing fluence on both substrates,
is assumed to be a result of the interplay between diffusion time, and the energy of
the deposited species. On Si the optimal balance between these two factors seemed
to occur at 7.6 J cm−2. On SrTiO3, however, the lowest two fluences exhibited
the highest degree of crystallisation. This suggests that in order to achieve better
crystallisation on SrTiO3, the diffusion time is more crucial than the energy of the
deposited species at the fluences that were investigated.
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6.3 Texture Analysis
Texture analysis, by the use of pole figures for specific lattice reflections, can yield
further information about the nature of a films texture than is possible with standard
θ/2θ XRD alone. As mentioned in section 5.1.2, by probing a lattice reflection not
present in the standard diffraction plane, information can be gained about the in-
plane ordering of the crystallites within the film. This allows the type and degree of
texture a film has to be investigated. To analyse further the texture evolution with
respect to deposition fluence in Figures 6.16 and 6.17, pole figure analysis has been
carried out on the (220) and (112) WO3 lattice planes.
6.3.1 WO3 on native oxide Si (100) Pole Figures
The (220) pole figures for the Si fluence series films, introduced previously in section
6.2.4, are shown in Figure 6.18. All the films in this series exhibit a fibre texture, as
can be seen by the presence of a ring on all the pole figures. This shows that although
there is an out of plane alignment of the crystallites in these films, in-plane they are
randomly distributed and thus have no rotational symmetry. Consequently, all the
films in this series can be regarded as having a textured polycrystalline structure.
What does differ with fluence, however, is the deviation of the out of plane tilt ψ
and therefore the strength of the texture.
At the lowest fluence of 5.3 J cm−2 (Figure 6.18 (a)), a very broad ring can be
observed that expands to the maximum measured ψ angle of 74◦. The breadth of
this ring indicates a large variation in the out of plane tilt of the primary texture.
However, below ψ = 40◦, there is no observable Bragg intensity from the (220)
plane. This suggests that certain tilt angles of the primary out of plane texture, do
not occur within the film. Furthermore, this confirms that although the primary
texture is weak at this fluence, the film is not truly polycrystalline.
At a fluence of 7.6 J cm−2 (Figure 6.18 (b)), the width of the ring drastically
reduces, and hence shows the sharpest texture fibre of all the films in this series.
The texture weakens slightly upon increasing the deposition fluence to 10.1 J cm−2
(Figure 6.18 (c)), as indicated by the slightly increased variation in ψ. Beyond 10.1
J cm−2 (Figures 6.18 (c) - (e)), there is little change to the recorded pole figures,
indicating that the strength of the primary texture within these films is very similar,
supporting observations from the θ/2θ XRD data.
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Figure 6.18: Pole figures of the WO3 (220) lattice reflection for WOx films deposited on native
oxide Si (100) substrates showing the dependence on the in-plane and out of plane texture with
respect to fluence. The films were deposited using fluence values of (a) 5.3 J cm−2, (b) 7.6 J cm−2,
(c) 10.1 J cm−2, (d) 12.4 J cm−2 and (e) 14.7 J cm−2.(a)-(e)(i) shows a 3D representation of the
pole figure for each fluence.
6.3.2 WO3 on SrTiO3 (100) Pole Figures
The SrTiO3 fluence series (see section 6.2.5 for deposition parameters), (220) pole
figures are shown in Figure 6.19 (a) - (e). It is immediately evident that the nature
of the texture for all the films in this series, is largely different to the films deposited
on Si. As such, the pole figures show a strong in-plane alignment, in addition to a far
more defined out of plane alignment, which is shown by the presence of specific poles
rather than rings. Consequently, all the films in this series have grown with a biaxial
texture. The deviation in ψ and φ of the poles is very similar for all fluences and
does not show any systematic behaviour. Overall, it can be quite clearly observed
that the films have grown to match the four-fold symmetry of the substrate, shown
in Figure 6.19 (f).
The four-fold symmetry of the (220) pole figures observed for the films in the
SrTiO3 fluence series, although intuitive, is not characteristic of an orthorhombic
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Figure 6.19: Pole figures of the WO3 (220) lattice reflection for WOx films deposited on
SrTiO3 (100) substrates showing the dependence on the in-plane and out of plane texture with
respect to fluence. The films were deposited using fluence values of (a) 5.3 J cm−2, (b) 7.6 J cm−2,
(c) 10.1 J cm−2, (d) 12.4 J cm−2 and (e) 14.7 J cm−2. (f) is the (110) pole figure of the SrTiO3
substrate. (a)-(f)(i) shows a 3D representation of the pole figure for each fluence.
or monoclinic system. In both of these systems the lattice parameters a 6= b 6=
c, meaning that the (110), (101) and the (011) lattice planes are non-equivalent.
Consequently, a single crystal orthorhombic or monoclinic system should exhibit
2-fold symmetry for the (110) plane. If the films had strained such that the lattice
was now cubic, four-fold symmetry of the [110] plane would be observed. However,
given that the XRD for these films (Figure 6.17) indicates that the (002), (020) and
(200) reflections for all but the highest fluence have different d-spacings (shown by
the asymmetry of the primary Bragg peak as discussed in section 6.2.5), they do
not appear to be cubic. A more likely explanation is that the film has grown in two
crystallite domains with two specific rotational alignments.
Figure 6.20 shows a schematic diagram of the (110) pole figures for (a) an or-
thorhombic or monoclinic biaxial textured film, and (b) a cubic substrate. For
a single crystal, the two-fold symmetry of an orthorhombic or monoclinic system
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Figure 6.20: Diagram of 110 pole figures for an orthorhombic or monoclinic biaxially textured film
and a cubic substrate. (a) shows the origin of each pair of poles and how they relate to the (100)
lattice reflection, in the 0◦ and 90◦ in-plane orientations. (a)(i) illustrates the in-plane view, whilst
(a)(ii) shows the top down view of the crystallite arrangement on the substrate. (b) shows the
pole figure that would occur from a cubic substrate. Since a = b = c all the (110), (101) and (011)
reflections are equivalent, giving rise to a four-fold symmetry. (b)(i) shows the top down view of
the cubic crystallites present in the substrate. As the substrate is cubic, the 0◦ and 90◦ in-plane
orientations are equivalent. Pole position information was obtained from stereographic projections
produced using [130].
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Figure 6.21: Diagram of (112) pole figures for a biaxially textured film. (a) shows the origin of
each set of 4 poles and how they relate to the (001) (010) and (100) lattice reflections, including
the 0◦ and 90◦ domains; as explained from Figure 6.20. The expanded size of the outer poles
demonstrates the offset of the ψ and φ co-ordinates that may occur from a slight difference in the
d-spacings of the (010) and (100) planes; which is present in monoclinic and orthorhombic WO3.
(b) illustrates the pole figure that would occur if the sample is cubic (i.e. a = b = c). Pole position
information was obtained from stereographic projections produced using [130].
means that only the top and bottom, or left and right poles should be observed.
Figure 6.20 (a) shows the origin of these poles from two crystallite domains; (a)(i)
illustrates the in-plane view, whilst (a)(ii) demonstrates a possible configuration
of the crystallites from a top-down perspective. The fact that the poles observed
for the SrTiO3 series films are at 90
◦ to each other, strongly indicates that the
crystallites are tessellating in both 0◦ and 90◦ with respect to the substrate lattice
in-plane. Figure 6.20 (b)(i) shows the top-down view of the crystallites that make
up the cubic substrate. In this case the 0◦ and 90◦ domains are equivalent resulting
in four-fold symmetry. The four-fold symmetry of the substrate will induce the film
to grow in two domains, and consequently be four-fold symmetric, as this is the
most geometrically favourable arrangement.
In a previous study of magnetron sputtered WO3 films on SrTiO3 [112], the
contribution from the [001], [010] and [100] lattice planes on the out of plane texture
was investigated by use of the (112) pole figures. Figure 6.21 (a) illustrates the origin
of the poles in a (112) pole figure for a biaxially textured thin film. The inner four
poles arise from a [001] out of plane texture; since these are four-fold symmetric the
0◦ or 90◦ domains would produce the same pattern. The presence of a [010] or [100]
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Figure 6.22: Pole figures of the WO3 (112) lattice reflection for WOx films deposited on
SrTiO3 (100) substrates. The deviation in the additional poles present for this reflection shows
the dependence on the out of plane texture with respect to the deposition fluence (see Figure 6.21
and discussion therein). Films were deposited using fluence values of (a) 5.3 J cm−2, (b) 7.6 J
cm−2, (c) 10.1 J cm−2, (d) 12.4 J cm−2 and (e) 14.7 J cm−2. (f) is the (112) pole figure of the
SrTiO3 substrate.(a)-(f)(i) shows a 3D representation of the pole figure for each fluence.
out of plane texture would produce 4 poles with similar ψ and φ co-ordinates, but
their actual position would vary with respect to the difference in the d-spacing of
these planes. The other set of four outer poles occur from the 90◦ rotated domain
of the [010] and [100] out of plane texture. The (112) pole figure for a cubic system
is shown by Figure 6.20 (b). In this case, since the (001), (010) and (100) lattice
reflections are equivalent, the pole figure would exhibit all 12 poles. Therefore, when
interpreting the (112) pole figures for the films grown in this study, it is important
to note that this pole figure is indistinguishable from a sample that is not cubic,
but has an equal contribution of (001) (010) and (100) crystallites.
The (112) pole figures for the SrTiO3 fluence series films are shown in Figure
6.22 (a) - (e); Figure 6.22 (f) shows the (112) pole figure for the SrTiO3 substrate
for comparison. The (112) pole figures reveal a systematic evolution of the primary
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texture with respect to increasing fluence, which is consistent with the θ/2θ XRD
scans shown in Figure 6.17. Furthermore, these pole figures show that all the films
in this series are biaxially textured, and hence are in agreement with Figure 6.19.
The lowest fluence of 5.3 J cm−2 exhibits 8 strong outer poles in addition to 4
weaker inner poles. From the explanation of the (112) pole figure, as illustrated by
Figure 6.21, the outer poles indicate a strong [100]/[010] primary texture. Moreover,
the existence of all 8 outer poles shows that the film has grown with both 0◦ and
90◦ domains, in order to match the four-fold symmetry of the substrate. The weak
presence of the 4 inner poles suggests that there is a slight contribution from the [001]
lattice plane to the films texture. It should be noted that without more information,
it is impossible to determine if the outer 8 poles result from either a [010] or [100]
texture or even some contribution of the two.
At 7.6 J cm−2, all 12 poles can be observed at equal intensity. By purely consid-
ering this figure alone, it may be surmised that the film could be made up from an
equal mixture of [001], [010] and [100] textures, or alternately it may have strained
to a cubic phase. Given that the XRD scan for this fluence (Figure 6.17) does ex-
hibit a slight shoulder on the primary Bragg peak (occurring from a [001] presence),
the texture of this film is most likely constructed from an equal contribution of these
reflections rather than a significant change in structure. As before, the 8 outer poles
once again suggest a 0◦ and 90◦ two domain growth.
Further increasing the fluence to 10.1 J cm−2 and 12.4 J cm−2, results in a reduc-
tion of the strength of the outer 8 poles with respect to the inner 4. Consequently,
this indicates that the primary texture of the film is now primarily [001] orientated,
with a small contribution from the [010] and [100] reflections. At the highest fluence
of 14.7 J cm−2, the outer 8 poles have all but disappeared leaving only the 4 inner
poles. This therefore shows that at this fluence the film grows with a single primary
texture; confirming what is observed from the XRD (Figure 6.17).
As has been discussed previously, increasing the deposition fluence produces a
more energetic plasma plume, in addition to raising the deposition rate. The change
in these parameters with increasing deposition fluence, may explain the systematic
texture evolution from [100]/[010] to [001] orientated WO3. The high energy plume
allows for more unstable nuclei to form on the film surface, whilst the increased
deposition rate means that they have less time to dissociate to stable nuclei before
more material is deposited. This allows metastable phases to form, which otherwise
might be energetically unfavourable (see discussion for Figure 6.12).
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Overall, the pole figures show a clear biaxial texture for all the films in this
series. However, the existence of both 0◦ and 90◦ domains is proof that the films
cannot be regarded as perfectly epitaxial. As such, the texture of the films here are
best described as having a two domain epitaxial texture.
6.3.3 Summary
Texture pole figure analysis has been used to ascertain the type and degree of texture
present in WOx films deposited under various deposition fluences on native oxide
Si (100) and SrTiO3 (100). The (220) pole figures of the Si fluence series (shown
in Figure 6.18) revealed that the films all exhibited fibre texture growth. The fibre
axis was centred around the substrate normal, indicating out of plane alignment
with no overall in-plane ordering, as indicated by a lack of rotational symmetry.
The strength of the texture in these films varied with fluence, whereby the weakest
texture was observed at 5.3 J cm−2, whilst 7.6 J cm−2 exhibited the sharpest texture
of the Si series. 10.1 J cm−2 to 14.7 J cm−2 showed a very similar degree of texture,
which was slightly weaker than the film deposited at a fluence of 7.6 J cm−2.
In contrast, the SrTiO3 fluence series films all exhibited a biaxial texture (as
seen from the (220) pole plots shown in Figure 6.19). The WOx films appeared to
grow to match the four-fold symmetry of the substrate. Furthermore, the presence
of the four-fold symmetry in these films strongly indicates that the crystallites have
grown in two domains at 90◦ to each other.
Further investigation of the biaxial texture, revealed by the (220) pole figures
for the SrTiO3 fluence series, was carried out by examining the (112) pole figures of
these films (see Figure 6.22). The lowest fluence of 5.3 J cm−2 exhibited a primary
[010]/[100] texture with a slight [001] contribution. At 7.6 J cm−2 the primary
texture appears to consist of an equal mixture of [001], [010] and [100] crystallites.
The films deposited with fluences of 10.1 J cm−2 and 12.4 J cm−2 both show a
similar [001] primary texture, which includes a slight [010]/[100] contribution. The
highest fluence of 14.7 J cm−2 produces an almost single [001] texture. Overall, all
films exhibit a two domain epitaxial texture.
The texture evolution from a primary [100]/[010] to a single [001] texture, is pos-
sibly a consequence of the increased deposition rate and plume energy that results
from raising the laser fluence. By increasing these parameters the possibility for un-
stable nuclei to form becomes greater. Consequently, this may result in metastable
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phases of WOx, which are not typically observed by other deposition methods.
6.4 X-ray Reflectivity
X-ray reflectivity (XRR), is a powerful tool for thin film and multi-layer analysis.
The interference pattern gained from a sample can be used to determine the the
thickness and density of individual layers, in addition to the roughness present at
the surface and subsequent interfaces. Consequently, the use of XRR not only allows
the composition and porosity of the individual layers to be investigated, but also
provides information which can be used to understand the topographical nature of
the surface and interfaces present within a sample (see section 5.2). The results
displayed within this section are for the native oxide Si (100) and SrTiO3 (100)
fluence series films.
In order to fit the reflectivity curves shown here, different sample models were
required for each substrate. Figure 6.23 illustrates the two basic models used for
the films deposited on native oxide Si (100) and SrTiO3. The films deposited on
SrTiO3 (Figure 6.23 (a)) were modelled as a single WOx layer onto SrTiO3. The
films deposited on Si, however (Figure 6.23 (b)), were modelled as a WOx/SiO2
bi-layer on Si to account for the native oxide layer. In both series, the interfaces
were modelled as abrupt transitions, and the individual layers were modelled using a
single density. All the fits were carried out using the Bruker Leptos fitting software
[75] and using the fitting methodology described in section 5.2.6.
Figure 6.24 shows XRR data (circles) and fit (continuous line), for films de-
posited at a fluence of 7.6 J cm−2 on Si (a) and SrTiO3 (b). These scans are typical
of the data recorded for all of the films in the Si and SrTiO3 fluence series. At first
glance the Si scan exhibits two sets of Kiessig fringes with largely different angular
Figure 6.23: Illustration of the sample models used to fit both the (a) SrTiO3 and (b) Si fluence
series.
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Figure 6.24: XRR scans showing the dependence of the reflectivity profile with respect to the
substrate. The WOx films were deposited at 500
◦ C and in an oxygen process gas pressure of
2.5× 10−2 mbar. The data (grey circles) and the fit (continuous black line) are shown for WOx
deposited on native oxide Si (100) (a) and SrTiO3 (100) (b). The damping of the Kiessig fringes
can be seen to be greater on the native oxide Si (100) substrates, consequently indicating a large
difference between the surface and interface roughness. The scans and fits shown here are typical
of the data collected for all the films in the Si and SrTiO3 fluence series. The films presented here
were deposited using a fluence of 7.6 J cm−2.
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separation, thus indicating the presence of at least two layers. The narrower fringes,
which are present at lower scattering angles, represent the WOx film, whilst the
broad fringes indicate a thin layer that most likely occurs from the native SiO2 on
the substrate surface. The rapid decay of the WOx fringes with increasing scattering
angle implies that there is a large difference between the film surface and WOx/SiO2
interface roughness. In contrast to the film deposited on Si, the SrTiO3 scan seem-
ingly displays only one set of Kiessig fringes, which results from the WOx layer.
Furthermore, these fringes are observable to higher scattering angles than observed
on Si, suggesting that the surface and interface roughness is similar in value. The
angular separation of these fringes are close to that of the WOx fringes on Si, which
indicates that the films are of very similar thickness. Finally, the critical edge occurs
at a very similar position for both substrates further implying that the films are of
comparable density.
The fit for the WOx on Si film (Figure 6.24 (a)) for the most part is closely
comparable to the data. However, it can be observed that at a scattering angle of
3.5◦ 2θ onwards there is disparity in the reflected intensity. This indicates that there
may be a very thin surface contamination layer, which has not been accounted for in
the model. Since it is unknown precisely what the contamination layer consists of,
and that for the majority of the scan the correlation between data and simulation
are in good agreement, the inclusion of a contamination layer was therefore left out
of the simulations as this may have overcomplicated the model.
6.4.1 Sample Roughness and Density
The sample roughness and density values, yielded from the XRR fits for the SrTiO3
and Si fluence series films, are displayed in Figure 6.25. In general, the surface
and interface roughness with respect to the deposition fluence for the SrTiO3 series
(Figure 6.25 (a)), appears to have no systematic trend. However, as suggested by
the lack of decay of the Kiessig fringes observed in Figure 6.24 (b), the values for
the surface and interface roughness for each film are very close. This suggests that
the film might be growing to match the topography of the substrate, thus indicating
that the roughness could be correlated.
Figure 6.25 (c) shows the roughness values for the surface and interfaces for
the Si fluence series films. The surface roughness of the WOx layer (Figure 6.25
(c) (Yellow)) seems to exhibit a decreasing trend with increasing fluence. As has
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been mentioned previously in this chapter, the increase in fluence will produce a
more energetic plasma plume, which will travel further towards the substrate. Con-
sequently, at a higher fluence the growing film will be subjected to more ionised
material impinging upon the surface. This may cause surface modification effects
that can smooth or compact the growing film [131–133]. The increased energy avail-
able at the substrate from the plume, may also activate diffusion processes which
consequently modify the surface morphology, resulting in a reduction of the over-
all roughness. The roughness for the other two interfaces (Figure 6.25 (c) (Green)
and (Black)), however, do not appear to have any trend with respect to fluence.
As such, contrary to the SrTiO3 series, the roughness of the WOx layer does not
appear to follow the SiO2/Si substrate and is therefore unlikely to be correlated.
Furthermore, the large difference between the WOx surface, and the WOx/SiO2,
SiO2/Si interface roughness values, confirms the explanation for the rapid decay of
the WOx Kiessig fringes observed in Figure 6.24 (a). Overall the surface of the films
deposited on SrTiO3 are far smoother than those deposited on Si. This is most
likely a direct consequence of the epitaxially textured crystal structure of WOx on
SrTiO3; as observed in sections 6.2.5 and 6.3.
The density of the WOx layer for the SrTiO3 and Si fluence series are shown in
Figure 6.25 (b) and (d) respectively. The SrTiO3 series exhibits a slight increase
in density of the WOx layer with increasing fluence up to a value of 12.4 J cm
−2.
Consequently, this suggests that the films are becoming more oxygen deficient at
higher fluences, as the density is increasing away from the stoichiometric WO3 value
of 7.16 g cm−2 [134]. As the fluence increases more energy is supplied to the target,
and subsequently the growing film. Since oxygen seems to be more volatile than
tungsten under these conditions (as observed in section 6.2.2 by the production
of oxygen deficient, and therefore tungsten rich, films under low O2 background
pressures), an increase in the available energy may cause a loss of oxygen from the
growing film as a result of increased re-evaporation from the surface or the target. At
the highest fluence of 14.7 J cm−2, however, the density drops slightly in comparison
to the general trend. This either indicates an increase in the oxygen content, or that
overall the film has become more porous, thus reducing the measured density of the
layer. Given the apparent drop in overall crystallinity of this film (as observed in
section 6.2.5), the latter of these two hypotheses is more consistent with a reduction
in the overall quality of the film at this fluence.
The density of the WOx layer for the Si fluence series appears to follow a similar
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Figure 6.25: Scatter plots showing the dependence of deposition fluence on roughness and film
density for both SrTiO3 and Si series. (a) surface and interface roughness for WOx on SrTiO3; (b)
density of the WOx layer for the SrTiO3 series; (c) WOx on Si roughness values for the air/WOx,
WOx/SiO2 and SiO2/Si interfaces; (d) density of the WOx layer for the Si series; (e) density of
the SiO2 layer for the Si series.
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trend to the SrTiO3 series. The increase in density with respect to increasing fluence
appears to be minimal at low fluences, but becomes more prominent at higher
fluences. Once again this indicates a reduction of oxygen in the film, which most
likely occurs for the same reason as discussed for the SrTiO3 series. In general, both
series exhibit densities slightly greater than stoichiometric WO3, indicating that the
films are slightly oxygen deficient. Interestingly, the films deposited on Si appear to
be slightly more oxygen deficient than on SrTiO3. This implies that the improved
crystallisation on SrTiO3 may allow for more efficient oxidisation during deposition
in comparison to Si.
Figure 6.25 (e) shows the density of the SiO2 layer for the Si fluence series.
Although the trend is weak, a slight increase in density with respect to fluence can
be observed. Since the density of stoichiometric SiO2 is 2.65 g cm
−2, and the density
of Si is 2.33 g cm−2 [134], it can be observed that all of the films exhibit a density
greater than these values. This strongly suggests that there are additional elements
in this layer other than Si and O. Given the highly energetic nature of PLD, the
deposition process may be implanting tungsten interstitials into the SiO2 layer. The
increased plume energy at higher fluences would result in more energetic tungsten
atoms impinging upon the surface of the SiO2 layer in the early stages of deposition.
Consequently, due to the increased probability of high energy collisions impinging
upon the surface, more tungsten atoms would be embedded in this layer at higher
fluences, thus resulting in an increase of the density of the layer.
6.4.2 Summary
XRR has been used to investigate the sample roughness and layer densities for
films deposited on SrTiO3 (100) and native oxide Si (100) substrates at different
deposition fluence values. The Si series was found to exhibit a higher overall surface
roughness in comparison to the SrTiO3 series, which was attributed as a consequence
of the epitaxial texture present for films deposited on SrTiO3. Moreover, a large
difference was observed between the roughness at the surface, and the WOx/SiO2
and SiO2/Si interfaces for the Si series films. This indicated that the roughness of
the substrate was unlikely to be influencing the topography of the WOx surface to
any significant degree. In contrast, the SrTiO3 series displayed a close relationship
between the surface and interface roughness. Consequently, the degree of roughness
at the surface of the WOx layer is likely to be related to the topography of the
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SrTiO3 substrate.
Overall, the roughness for the SrTiO3 series appeared to have no systematic trend
with respect to the deposition fluence. The Si series, however, displayed a systematic
reduction of the WOx surface roughness with increasing deposition fluence. The
presence of more energetic surface modification and diffusion processes, as a result
of an increase of the energy of the plasma plume, are believed to be responsible for
this effect.
The density of the WOx layer, with the exception of the 14.7 J cm
−2 fluence film
on SrTiO3, exhibited a slight increase in density at higher fluence values for both
series. This signified a reduction in the oxygen content in the films with increasing
fluence. An increase in the re-evaporation of oxygen, due to the increased energy
supplied to the film and target during ablation, may provide an explanation for
the increase in film density. Overall, all films were found to exhibit a marginally
higher density than stoichiometric WO3, indicating that the films are slightly sub-
stoichiometric.
The SiO2 layer density for the Si series films, was found to have a very weak
trend of increasing density with increasing fluence. This increase in density, beyond
the value for SiO2, is attributed to the inclusion of tungsten interstitials being
embedded into the native oxide, as a consequence of the highly energetic plasma
plume impinging on the substrate surface.
6.5 X-ray Photoelectron Spectroscopy
Compositional analysis of the native oxide Si (100) and SrTiO3 (100) fluence se-
ries films (as discussed previously for sections 6.2.4, 6.2.5, 6.3 and 6.4), is shown in
this section. The surface composition was analysed using X-ray photoelectron spec-
troscopy (XPS) (see section 5.4). All results displayed in this section were measured
ex-situ.
6.5.1 WOx on native oxide Si (100) and SrTiO3 (100)
Figures 6.26 and 6.27 show XPS scans of the native oxide Si (100) and SrTiO3 (100)
fluence series respectively. For each film a survey (i) and high resolution scan (ii)
(centred around the W4f doublet), was recorded. For both substrates all of the
films measured show very similar results. The survey scans all primarily comprise
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Figure 6.26: XPS spectra of WOx films deposited on native oxide Si (100) substrates. The films
were deposited using fluence values of (a) 5.3 J cm−2, (b) 7.6 J cm−2, (c) 10.1 J cm−2, (d) 12.4 J
cm−2 and (e) 14.7 J cm−2. (i) shows the full survey scan, whilst (ii) shows a high resolution scan
of the W4f doublet for each film. Additionally, included in (ii) are the fits (solid grey) and the
background (dashed grey).
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oxygen and tungsten, as is evident from the large intensities of the O1s and W4f
electron states. The films also consist of a number of other contaminants the largest
of which being carbon as shown by the existence of the C1s electron state. It is not
uncommon to observe carbon on samples that are measured ex-situ, as it is a known
surface contaminant.
With the exceptions of oxygen and tungsten, all of the other elements present in
the survey scans do not show a stepped background, indicating that these contam-
inants are confined to the surface [135]. The total structure of an XPS spectrum
consists of mainly elastic and inelastic photoelectrons. The elastic photoelectrons
contribute to the characteristic XPS electron states, whilst the non-structured back-
ground mostly comprises inelastic photoelectrons [136]. If this background reduces
as a step beyond a specific electron state (XPS peak), then it strongly indicates that
the electrons contributing to this background originated from the electron state in
question. However, these electrons have lost energy due to collisions within the
material prior to being photoemitted from the surface [87]. Consequently, these
inelastic photoelectrons are most likely to have been emitted from a greater depth
than the surface. Therefore, the lack of any stepped background strongly indicates
that only elastically emitted photoelectrons contribute to the detected electron state,
suggesting that the element in question purely exists on the surface.
The high resolution scan recorded in the 32-44 eV region shows the W4f doublet
(see Figures 6.26 and 6.27 (ii)). Also visible in the same region at an average
binding energy position of 41.5±0.1 eV for all films in both fluence series, is the
WO3 loss feature. The position for the W4f doublet for all of the films shown in
Figures 6.26 and 6.27 is very similar; with the average positions for the W4f7/2 and
W4f5/2 occurring at binding energies of 35.7±0.1 eV and 37.8±0.1 eV respectively.
These positions were obtained by fitting the doublet with two peaks and the fits are
displayed in Figures 6.26 and 6.27 (ii). The small deviation in these positions for
the W4f doublet across all of the films displayed in this section, strongly suggest
that they are all in the same oxidation state. Given that the W4f7/2 and W4f5/2 6+
state occurs at 35.5 eV and 37.6 eV [137, 138] and the 5+ state occurs at 33.7 eV
and 35.8 eV [137], this indicates that the W4f doublet observed for all the films
in Figures 6.26 and 6.27 arises from the 6+ fully oxidised WO3 electron state.
Furthermore, the simple two peak fit shown in (ii) matches the data well, indicating
that there are no additional contributions from other oxidation states to the W4f
doublet observed here. Consequently, this shows that the films are fully oxidised up
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Figure 6.27: XPS spectra of WOx films deposited on SrTiO3 (100) substrates. The films were
deposited using fluence values of (a) 5.3 J cm−2, (b) 7.6 J cm−2, (c) 10.1 J cm−2, (d) 12.4 J
cm−2 and (e) 14.7 J cm−2. (i) shows the full survey scan, whilst (ii) shows a high resolution scan
of the W4f doublet for each film. Additionally, included in (ii) are the fits (solid grey) and the
background (dashed grey).
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to the information depth of XPS.
It should be noted at this point that since these films were measured ex-situ,
it does not rule out the possibility that they could be slightly sub-stoichiometric
prior to being removed from the deposition chamber; albeit any deviation from
stoichiometric WO3 would most likely be very small. However, from ex-situ XPS
analysis alone this is impossible to confirm.
6.5.2 Summary
The ex-situ compositional analysis of the native oxide Si (100) and SrTiO3 (100)
fluence series films has been investigated using XPS. All films from Figures 6.26 and
6.27 showed very similar results. The primary elements present in the survey scans
were oxygen, tungsten and carbon. The lack of any stepped background following
the C1s electron state strongly indicates that the carbon is a surface contaminant
only. The position of the W4f doublet for all of the films occurred at a very
similar binding energy with the average positions of the W4f7/2 and W4f5/2 being
35.7±0.1 eV and 37.8±0.1 eV respectively. This position matches closely to the 6+
oxidation state, with no evidence of any other oxidation state present. Therefore,
the films analysed in this section are all fully oxidised up to the information depth
of XPS and the bulk of the film has no major contaminants.
6.6 Scanning Electron Microscopy and Atomic Force
Microscopy
Scanning electron microscopy (SEM) and atomic force microscopy (AFM), are useful
techniques for investigating the surface morphology and topography of thin films.
By observing SEM and AFM images, it is possible to draw information about the
grain structure and the structural surface height variations of a film. Consequently,
SEM and AFM have been used here to investigate the influence of deposition fluence
on the surface morphology, and topography of WOx films on native oxide Si (100)
and SrTiO3 (100) substrates. The SEM micrographs displayed in this section, were
imaged using a Leo 1530FE high resolution field emission gun scanning electron
microscope (FEGSEM). The magnification used for all images was x105, which was
taken using the in-lens function at a primary energy of 5 keV. The AFM images
were taken using a Veeco Explorer, which was operated in tapping mode using a
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high resonance frequency (HRF) silicon probe. The AFM images recorded here were
scanned over a 1µm × 1µm area.
6.6.1 WO3 on native oxide Si (100)
Figure 6.28 shows SEM images of the native oxide Si (100) fluence series films (as
previously discussed for Figures 6.16, 6.18, 6.25 (c) - (e) and 6.26). Overall, the grain
structure for all the films in this series displays a rough ‘rocky’ like morphology. As
such this confirms the origin of the large surface roughness which has been observed
from the XRR data shown in Figure 6.25 (c). This morphology is most likely due
to the large lattice mismatch that exists between WO3 and Si, as it may be more
energetically favourable for the film to grow as small grains, rather than try to
strain to match the lattice. In general, the typical grain size is 20 nm, which
appears to decrease slightly with respect to increasing fluence. The increase in the
instantaneous deposition rate will reduce the time available for nuclei to dissociate
and diffuse, resulting in a greater nucleation density, consequently reducing the grain
size. The crystallites do not appear to have any in-plane preferred orientation, which
is in agreement with the texture analysis shown in Figure 6.18.
Figure 6.29 shows AFM data recorded for the native oxide Si (100) fluence series.
The data displayed in Figure 6.29 (a) shows the 3D 1µm × 1µm topographical map
generated for each film in the series. The topography displayed here appears to be
consistent with the ‘rocky’ morphology observed in Figure 6.28. By comparing the
3D topographical information in (a) with the line scans shown in (c) it is apparent
that the largest height deviations are present at a fluence of 10.1 J cm−2. Above and
below this fluence, the films show smaller deviations in height, with the smoothest
film of the series being deposited at the highest fluence of 14.7 J cm−2. The contour
maps displayed in (b) are all individually scaled so that the maximum contrast for
each film can be obtained. By scaling the data in this way more information can
be obtained about the grain structure, as the tallest grains (in terms of z-height)
will appear as maxima on the map. Overall, there is no large change in the grain
size with increasing fluence. However, the grains appear to increase in size slightly
up to a fluence of 10.1 J cm−2, and then subtly decrease to a minimum at the
maximum fluence of 14.7 J cm−2. It is interesting to note that the largest grains
in this series are present in the same film which exhibits the largest overall height
deviation (roughness); i.e. for the film deposited at 10.1 J cm−2. This suggests
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Figure 6.28: SEM images of WOx films deposited on native oxide Si (100) substrates. Films were
deposited using fluence values of (a) 5.3 J cm−2, (b) 7.6 J cm−2, (c) 10.1 J cm−2, (d) 12.4 J cm−2
and (e) 14.7 J cm−2. The contrast has been altered from the collected data for additional clarity.
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Figure 6.29: AFM data of WOx films deposited on native oxide Si (100) substrates. The films
were deposited using fluence values from top to bottom of: 5.3 J cm−2, 7.6 J cm−2, 10.1 J cm−2,
12.4 J cm−2 and 14.7 J cm−2. For all fluences, (a) shows the 3D topographical map, which is on
the same scale for each film to aid comparison. (b) shows a contour plot of the same data in (a)
for each fluence. However, in (b) the data is individually scaled for each film. Finally, (c) shows
a line profile from the data shown in (a) and (b). As with (a), (c) is on the same scale to aid
comparison between films.
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that for this film the topography consists of larger grains with deeper voids at the
grain boundaries. This indicates that the grain structure at the surface is not so
densely packed for this film. In general, it seems that for this series the grain size
and roughness are linked; i.e. a film that consists of larger grains exhibits greater
height deviations on the surface.
6.6.2 WO3 on SrTiO3 (100)
The SEM images for the SrTiO3 fluence series films are shown in Figure 6.30 (as pre-
viously discussed for Figures 6.17, 6.19, 6.22, 6.25 (a) - (b) and 6.27). At first glance,
the surface morphology of these films differs greatly from the Si series. The films
in general, are mostly continuous with comparatively few obvious grain boundaries,
dislocations and dips. Furthermore, these films appear to be far smoother than
those deposited on Si. This is consistent with the observed difference in the surface
roughness between the two substrates, as determined by the XRR measurements
shown in Figure 6.25. As before, there seems to be a slight decrease in the observ-
able grain size with increasing fluence. At the highest fluence of 14.7 J cm−2, the
morphology of the film is comparable in structure to the Si series films; showing
distinct crystallites rather than a continuous film. This behaviour is in agreement
with the increase in surface roughness measured for this film, as displayed in Figure
6.25 (a).
Figure 6.31 shows AFM data recorded for the native oxide SrTiO3 (100) fluence
series. In contrast to the SEM images shown in Figure 6.30, the 3D topographical
maps displayed in Figure 6.31 (a), show a significantly different picture to that of the
SEM. In general, the surface appears closer to that of the rocky morphology that is
observed for the films grown on native oxide Si, but with larger features. Considering
the line profile in (c) in addition to the 3D topographical map in (a), it is evident
that the largest height deviation is present at a fluence of 7.6 J cm−2, whilst the
film deposited at 14.7 J cm−2 appears to be the smoothest in the series. This result
is not at first sight consistent with the roughness trend obtained from XRR and the
morphology shown in Figure 6.30. However, the differences between the roughness
values obtained from XRR and AFM most likely arise from the ability of these
techniques to measure roughness on different length scales (this will be discussed
further in section 6.6.3).
Figure 6.31 (b) shows individually scaled contour plots of the data in (a), which
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Figure 6.30: SEM images of WOx films deposited on SrTiO3 (100) substrates. Films were deposited
using fluence values of (a) 5.3 J cm−2, (b) 7.6 J cm−2, (c) 10.1 J cm−2, (d) 12.4 J cm−2 and (e)
14.7 J cm−2. The contrast has been altered from the collected data for additional clarity.
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Figure 6.31: AFM data of WOx films deposited on SrTiO3 (100) substrates. The films were
deposited using fluence values from top to bottom of: 5.3 J cm−2, 7.6 J cm−2, 10.1 J cm−2, 12.4
J cm−2 and 14.7 J cm−2. For all fluences, (a) shows the 3D topographical map, which is on the
same scale for each film to aid comparison. (b) shows a contour plot of the same data in (a) for
each fluence. However, in (b) the data is individually scaled for each film. Finally, (c) shows a line
profile from the data shown in (a) and (b). As with (a), (c) is on the same scale to aid comparison
between films.
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give information about the grain structure of the films in this series. In contrast to
the Si fluence series films shown in Figure 6.29, the data in (b) indicates there is a
larger dependence on the grain size with respect to fluence, which can be observed
by the relative change in size of the areas of maximum height (red regions). The
lowest fluence films in this series appear to be formed of larger grains than the films
on Si, as can be observed by the periodic nature of the 5.3 J cm−2 line scan (the
width of each maximum intensity region giving an approximate grain size of 100
nm). As the fluence is increased to 7.6 J cm−2, the areas of maximum height have
clearly increased suggesting an increase in the grain size. Once again, as with the
films grown on native oxide Si, the grains appear to become a maximum size at
10.1 J cm−2, although there is very little difference between the films deposited at
7.6 J cm−2 and 10.1 J cm−2. Beyond this fluence, the grain size decreases sharply,
with the smallest grains present at the highest fluence.
The roughness of the films deposited in this series exhibit a dependence on grain
size, as observed for the Si fluence series films. The greater roughness displayed by
the lowest two fluences seem to be largely a result of the grain structure, with a
topography of large grains with deep voids. Furthermore, the highest two deposition
fluences exhibit smoother surfaces coupled with a decrease in grain size. However,
the film deposited at 10.1 J cm−2 does not seem to fully agree with this trend. By
observing the line scan the height variations can be seen to be far smaller than for
the 7.6 J cm−2 film, yet the grain size appears to be of a similar size. This would
suggest that the 10.1 J cm−2 film consists of densely packed large grains with a lack
of large voids, resulting in a reduction in the overall roughness.
6.6.3 XRR and AFM Roughness Comparison
Figure 6.32 shows for both the native oxide Si (100) and the SrTiO3 (100) fluence
series, the surface roughness values obtained from XRR (red) and AFM (yellow).
The dependence on the deposition fluence with respect to the surface roughness for
films deposited on native oxide Si (100) shows a similar trend for both AFM and
XRR, however, the absolute measured value is different for every film in the series. In
contrast, the films deposited on SrTiO3 exhibit a closer agreement between the two
techniques in terms of the absolute measured value of the surface roughness. Yet,
there is disparity for the films deposited at fluences of 7.6 J cm−2 and 14.7 J cm−2.
The disagreement in the absolute measured value of the surface roughness may be
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Figure 6.32: Scatter plots comparing the surface roughness values obtained by XRR and AFM
with respect to the deposition fluence for WOx thin films deposited on native oxide Si (100) and
SrTiO3 (100) substrates. The films were deposited using fluence values of: 5.3 J cm
−2, 7.6 J cm−2,
10.1 J cm−2, 12.4 J cm−2 and 14.7 J cm−2.
due to the differences in the lateral length scale upon which XRR and AFM are
sensitive.
Roughness can be defined as the deviation in the mean height of a surface or
interface (see sections 5.2 and 5.3). As such, two types of roughness can be defined;
large scale waviness and microscopic roughness [74]. The former describes roughness
which consists of deviations in height that occur over a large lateral length scale
(i.e. ∼100 nm features), but have only small changes in gradient with respect to
the sample surface. In contrast, microscopic roughness comprises sharp changes in
the average height, which occurs on a far smaller lateral length scale (i.e. atomic
dimensions to a few nanometers).
XRR is sensitive to microscopic roughness as it results in diffuse scattering which
reduces the intensity of the specular beam. However, since waviness broadens the
specular beam, the reduction in intensity associated with this type of roughness is
not modelled by the Nevot-Croce factor (see section 5.2.4). Consequently, waviness
cannot be readily quantified from specular XRR alone (i.e. in the symmetric 2θ scan
geometry). Furthermore, specular XRR averages over the entire film and as a result
looses almost all lateral spatial information [69]. In terms of depth however, XRR
is sensitive to all sharp height deviations which contribute to diffuse scattering.
The degree of diffuse scattering is therefore dependent on the number of sharp
height deviations present on the film surface. Overall, this means that XRR will be
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Figure 6.33: Schematic illustration depicting two distinct surface topographies and the proposed
path of the AFM tip (solid line). (a) shows large lateral scale roughness, whilst (b) displays
short range roughness. Both topographies consist of features which are separated by deep voids.
∆Hactual (dashed arrow dimension) and ∆HAFM (solid arrow dimension) indicate the actual and
AFM measured maximum height difference from the top of the features to the bottom of the
voids respectively. Due to the lower limit of the lateral resolution of AFM, the tip cannot track
accurately between the narrow voids in (b) and as such underestimates the surface roughness of
this topography.
more sensitive to small lateral length scale microscopic roughness than large scale
waviness.
Since AFM is a scanning probe technique, it provides spatial information about
roughness on a maximum lateral length scale, which is limited by the scan dimen-
sions. Consequently, AFM is sensitive to large scale waviness and roughness. For
example, if the sample topography comprises deep pits and voids (even though they
may be few in number), they will increase the average deviation of the sampled
area, resulting in a larger roughness value than given by XRR. However, AFM by
its nature will have a lower limit to the spatial resolution, which is defined by the
tip design [139].
Figure 6.33 shows a schematic illustration of two distinct topographies and how
an AFM tip might track these surfaces. Figure 6.33 (a) illustrates a surface with
large features, such as large grains, with deep voids between each one. The actual
maximum height of the feature (defined as the difference between the top of the
feature and the bottom of the void), ∆Hactual, is very close to the value which may
be measured by AFM, ∆HAFM . The difference in the measured and actual values
for ∆H, is ultimately defined by the lower limit of the lateral spatial resolution of
the AFM and the width at the base of the void. As a result, when the width of
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the voids between features are small, AFM can underestimate the maximum height
deviation. For example, a sample with small features and narrow voids (as depicted
in Figure 6.33 (b)), may have the same maximum height deviation as illustrated in
Figure 6.33 (a), but the resolution limit of the AFM results in a measured deviation
far lower than the actual value. In practise, this may lead to an underestimation of
the average height deviation of the surface and hence a small featured rough surface
may appear smooth. Consequently, it follows that with the exception of systems
with atomic resolution [139], AFM typically is not very sensitive to microscopic
roughness.
From the above discussion it is clear that AFM and XRR are complementary
techniques for investigating surface roughness. If from AFM data a sample is mea-
sured to be rough, then this is a good indication of the presence of large features
and surface waviness. Conversely, if specular XRR measurements yield large rough-
ness values, it strongly suggests that a significant degree of microscopic roughness
is present. Furthermore, if both techniques provide equivalent values for the surface
roughness, then this implies that the surface is most likely a combination of these
two roughness types.
Considering Figure 6.32 again for the SrTiO3 fluence series, the two largest dif-
ferences in the measured value of the surface roughness occur at 7.6 J cm−2 and
14.7 J cm−2. The film deposited at 7.6 J cm−2 exhibits a larger surface roughness
when measured by AFM in comparison to XRR. Additionally, the topography of
the 7.6 J cm−2 film (see Figure 6.31) comprises large grains and deep voids, which
is consistent with the model proposed above. Consequently, this suggests that large
scale lateral roughness and waviness dominate the roughness spectrum for this sam-
ple. In contrast, the topography for the 14.7 J cm−2 film appears to consist of small
grains with no large voids observable by AFM. However, since the roughness mea-
sured by XRR is larger than the value obtained from AFM, it suggests that short
scale microscopic roughness is most likely to be more prevalent here. By comparing
the line scans in Figure 6.31 (c), it may be seen that the topographies for the other
three films in this series seem to be some combination of both large scale and small
scale features. As such, this may explain why the AFM and XRR roughness values
are consistent for these films.
As mentioned previously, Figure 6.32 shows a large difference for the measured
roughness determined from AFM and XRR, for all of the films in the native oxide
Si (100) fluence series. Since the XRR measurements yield larger values for the
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roughness than AFM, the surface of these films are most likely dominated by small
scale microscopic roughness. By observing the line scans from Figure 6.29 (c), most
of the films in the series exhibit small features with very few large height deviations,
which is consistent with a small scale roughness model. However, the line scan of the
film deposited at 10.1 J cm−2 displays a similar topography to the 5.3 J cm−2 film
deposited on SrTiO3. Yet unlike for the 5.3 J cm
−2 SrTiO3 film, the roughness values
for the 10.1 J cm−2 on Si film are largely different from AFM to XRR. Given that
XRR measures the average roughness across the film, this may suggest that the area
measured by AFM is not characteristic of the film, leading to a different response
to the measurement of the surface than observed for the 5.3 J cm−2 SrTiO3 film.
Alternatively, there may be more short scale roughness present on the 10.1 J cm−2
on Si film, but this is not shown by the AFM line scan as the deviations are beyond
the lower limit of the spatial resolution for the AFM used. Additionally, this latter
point is consistent with the morphology displayed by the SEM data in Figure 6.28
(c), which exhibits a very similar morphology to the other films in this series. It
is also interesting to note that the AFM measured roughness for the 10.1 J cm−2
on Si film is the largest in the series. This indicates that the degree of large scale
roughness is greater than the other films in this series, which is in agreement with
the line scan for this film.
6.6.4 Summary
The surface morphology, topography, roughness and grain structure of WOx films
grown on native oxide Si (100) and SrTiO3 substrates at various deposition flu-
ences, has been investigated using SEM and AFM in comparison to XRR. Overall,
the SEM indicated that the morphology of the films was observed to be vastly dif-
ferent between substrates. The morphology of the Si series films was found to be
constructed of small grains producing an overall rough surface morphology (Fig-
ure 6.28). In contrast, the morphology of the SrTiO3 series films displayed a more
continuous smooth film surface with a less observable grain structure (Figure 6.30).
The 3D AFM topographical maps (displayed in Figure 6.29 (a)) of the Si fluence
series showed a small feature ‘bumpy’ topography, which is consistent with the SEM
images of these films. The line scans, shown in Figure 6.29 (c), indicated that the
largest height deviation for all of the films in the series occurred at a deposition
fluence of 10.1 J cm−2. Considering purely the AFM data, the topographical maps
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and the line scans showed that the film deposited at 14.7 J cm−2 appeared to be
the smoothest film in the series. The contour maps (displayed in Figure 6.29 (b)),
revealed that there was very little change in the grain structure with respect to
deposition fluence. The largest grains occurred at an intermediate fluence value of
10.1 J cm−2, whilst the 14.7 J cm−2 exhibited the smallest grain size.
In contrast to the Si fluence series, the 3D topographical maps for the SrTiO3
fluence series (Figure 6.31 (a)) showed a different topography than was indicated by
the surface morphology observed from SEM (Figure 6.30). The topography for the
lower to intermediate fluence values consisted of large features and voids. The line
scans showed that the largest height deviation was present at 7.6 J cm−2 (Figure
6.31 (c)). However, as observed for the Si fluence series, the 14.7 J cm−2 on SrTiO3
film appears to display the smoothest surface. The contour plots (Figure 6.29 (b))
indicate a significant dependence on the grain size with respect to the deposition
fluence. In general, most of the films comprise larger grains than observed on Si,
with the largest grains appearing at the intermediate fluences of 7.6 J cm−2 and
10.1 J cm−2. Again, as with the Si fluence series, the largest fluence produced the
smallest grains. This is most likely a consequence of the higher deposition rate
producing a greater nucleation density.
Overall, the AFM data for both substrates suggested that the maximum height
deviation increased with increasing grain size. This was found to be with the excep-
tion of the 10.1 J cm−2 on SrTiO3 film, which exhibited large grains in addition to a
reduced maximum height deviation. As such, this topography would be consistent
with a structure consisting of densely packed large grains.
The roughness values obtained from XRR and AFM were compared. It was found
that for the Si fluence series, there were differences between the two results obtained
by the two techniques; with XRR measuring the roughness to be higher than AFM
for all films deposited on Si. In contrast, the SrTiO3 fluence series exhibited only two
films for which there was disparity between the AFM and XRR measured roughness,
with the remainder of the films in close agreement. The difference between the
measured value of the surface roughness for the two techniques, is most likely due
to the lateral length scales to which the techniques are sensitive. It was assumed
that the XRR measurement of roughness was more sensitive to the short scale
microscopic roughness, due to how the roughness was modelled in the simulations
(see section 5.2.4). Conversely, since the tip ultimately limits the lower range of the
spatial resolution of AFM, its determination of the surface roughness was regarded
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to be more greatly influenced by large scale waviness.
With these points in mind, the disparity in the measured roughness value from
XRR and AFM for the 7.6 J cm−2 and 14.7 J cm−2 on SrTiO3 films, gave an
indication of the most prominent roughness type present in each sample. AFM
measured greater roughness than XRR for the 7.6 J cm−2 film, whilst the opposite
was found to be the case for the 14.7 J cm−2 film. Consequently, this suggested that
large scale waviness was the dominant roughness for the 7.6 J cm−2 film, whereas
the 14.7 J cm−2 film was most likely comprised a high degree of microscopic surface
roughness. Since the remaining films in the SrTiO3 fluence series exhibited a good
match between the two techniques, they were regarded to consist of a mixture of
both roughness types.
The apparent disparity between AFM and XRR for the Si fluence series, where
XRR consistently measured the roughness to be higher than AFM for the entire
series, indicated that all of these films were dominated by small scale microscopic
roughness. This was found to be consistent with the morphology of these films as
observed by SEM.
6.7 Chapter Summary
The growth and structure of WOx thin films, deposited by reactive PLD onto native
oxide Si (100) and SrTiO3 (100) substrates, with respect to different deposition
conditions, has been investigated. Preliminary studies were carried out to optimise
the substrate temperature and oxygen deposition pressure, in order to produce well
textured WOx films for the subsequent fluence investigation. The optimum growth
conditions were found to be 500◦ C and 2.5× 10−2 mbar O2; as determined by
XRD. At these deposition parameters the films were believed to be slightly sub-
stoichiometric. However, no oxygen deficient phases were found to be present in the
XRD scans.
Inconsistencies in the XRD scans for films deposited under the same conditions,
highlighted reproducibility issues which occurred during the initial fluence investi-
gation. These were found to be caused by target pre-conditioning with a different
fluence than used for deposition. Furthermore, over irradiation was observed to
cause redirection of the plasma plume, which lowered the deposition rate and the
energy reaching the substrate. Consequently, this produced films with different
structures and textures than observed from a new piece of the target. Both of
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these issues were resolved by widening the raster size, and using a separate piece
of target for each fluence which was pre-conditioned with the same fluence used for
deposition.
By using the information and optimised processes found from the initial inves-
tigation, the influence of deposition fluence on the properties of WOx films grown
on native oxide Si (100) and SrTiO3 (100) substrates was investigated. The films
were analysed using XRD, texture pole figure analysis, XRR and SEM. The XRD
scans of the Si fluence series showed that all the films were predominately (002)
WO3 textured. The strongest crystallisation was observed at 7.6 J cm
−2, whilst at
fluence values of 10.1 J cm−2 to 14.7 J cm−2 the texture changed to a single out of
plane (002) orientation, at the cost of overall crystallinity.
In contrast, the SrTiO3 series exhibited a change in the primary texture with
increasing fluence from (200)/(020) to (002) oriented WO3. The two lowest fluence
films were found to exhibit the highest degree of crystallisation for the entire series.
Consequently, higher fluence values resulted in the reduction of film crystallisation.
Overall, the observed crystallinity of the films deposited on SrTiO3 were far better
than on Si. The interplay between diffusion time and the energy of the deposited
species, was attributed to the reduction in crystallisation with increasing fluence for
both substrates.
Pole figure analysis of the (220) WO3 lattice reflection revealed that the films
deposited on Si all exhibited fibre textured growth. However, the films deposited
on SrTiO3 were observed to be biaxially textured, whilst exhibiting two domain
growth with the crystallites orientated at 90◦ to each other. Examination of the
(112) WO3 pole figures on SrTiO3 showed that the primary texture evolved from
[100]/[010] oriented WO3, to a single [001] epitaxial texture with increasing fluence.
The texture evolution is believed to be induced by the formation of metastable
phases, which may result due to the increased energy of the plasma plume at higher
fluence values.
Observation of the XRR scans and fit data showed that films grown on native
oxide Si (100) exhibited a far higher surface roughness than on SrTiO3 (100). Fur-
thermore, the difference between the WOx surface and the interface roughnesses on
Si were largely different. Consequently, this indicated that the Si substrate sur-
face had very little influence on the WOx layer surface roughness. However, the
SrTiO3 series films demonstrated a close relationship between the surface and in-
terface roughness values. This suggests that the WOx surface roughness may be
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correlated with the interface.
In general, the density of the films deposited on both Si and SrTiO3 substrates
was observed to increase with increasing fluence. This trend was attributed to an
increase in the oxygen deficiency of the WOx films with increasing fluence. The
increased laser energy impinging on the target, and consequently being absorbed
into the plasma plume, was believed to increase the oxygen evaporation rate from
the surface of the film and the target. Overall, it appeared that all of the films in
both series were slightly sub-stoichiometric, as their densities were all determined
to be slightly higher than expected for WO3.
XPS survey and high resolution scans of both native oxide Si (100) and SrTiO3
(100) fluence series displayed very similar results for all films. The survey scans
showed that the primary elements present were oxygen, tungsten and carbon. The
lack of a stepped background for the C1s indicated that the carbon present on the
surface of these films was most likely only a surface contaminant. The position and
shape for the W4f doublet for all films matched the 6+ oxidation state, with no
indication of any other oxidation state present. Consequently, this strongly suggests
that all of the films analysed by XPS are fully oxidised up to the information depth
of XPS.
SEM images revealed that the surface morphology of the films deposited on
native oxide Si were rougher than on SrTiO3, which exhibited a very smooth con-
tinuous surface. AFM showed the surface of the Si fluence series exhibited a ‘bumpy’
topography, which is consistent with SEM. In contrast, the SrTiO3 fluence series
displayed a surface topography which was different than was indicated by the mor-
phology of the surface shown by SEM. The topography of this series was found to
exhibit large features and voids for the lower to intermediate fluences, whilst the
higher fluences tended towards smaller features and a smoother topography. The
grain size of the Si fluence series was found to have very little dependence on the de-
position fluence, whereas the SrTiO3 fluence series on average showed a larger grain
size. The largest grains occurred at low to intermediate fluences, but the grain size
decreased with the highest fluence values. The difference in the measured roughness
from AFM and XRR was used as an indication of the type of roughness present for
each sample. In general, the SrTiO3 series appeared to consist of a mixture of small
and large scale roughness. However, all of the films in the Si fluence series were
consistently measured to be rougher by XRR in comparison to AFM, suggesting
that these samples are dominated by short scale microscopic roughness.
141
Overall, the films deposited on SrTiO3 appear to be of a far better structural
quality than those deposited on native oxide Si. The close lattice parameters of
SrTiO3 and WO3 aid the order of the films deposited on this substrate, resulting in
the epitaxial textured growth observed in this investigation. For both substrates,
it is apparent that the primary texture of these films can be seemingly tuned by
purely adjusting the deposition fluence. The susceptibility of the eventual film
texture with respect to the deposition fluence, however, appears to be far greater
on SrTiO3. In both series, the alteration of the primary texture towards a single
out-of-plane orientation, observed at high fluences, does come at the cost of overall
film crystallisation.
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Chapter 7
Characterisation of FeOx Thin
Films
7.1 FeOx
Iron oxide can exist in a number of oxidation states and structural phases. The most
routinely encountered iron oxide compounds are FeO (wu¨stite), Fe3O4 (magnetite),
γ-Fe2O3 (maghemite) and α-Fe2O3 (hematite) [140], schematic illustrations of which
are shown in Figure 7.1. Structurally, all of these phases can exist in a crystalline
state. The FeO phase crystallises in the cubic rock salt structure, which comprises
two intersecting face centred cubic lattices [141]. Fe3O4 exists in the cubic inverse-
spinel structure [142], whilst maghemite can be structured in either the cubic or
tetragonal crystal systems [141]. In contrast, hematite crystallises in the hexagonal
(rhombohedral) structure [141,143].
All of the iron oxide phases are semiconducting, but the band gap and majority
charge carrier differs. FeO is a p-type semiconductor with a band gap of 2.23 eV,
whilst hematite and maghemite are both n-type semiconductors with band gaps of
2.2 eV and 2.03 eV respectively. Fe3O4 on the other hand, has a very narrow band
gap of 0.1 eV and is regarded as both a n-type and p-type semiconductor; although
its conductivity is comparable to that of a metal [152].
Iron oxide in its various forms is probably one of the earliest functional oxides
to be utilised by humankind. As such, iron oxide has been used for thousands of
years, with the earliest applications being primarily colouring agents and pigments
[153]. Technologically, α and γ Fe2O3 and Fe3O4 are of specific interest. Hematite
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Figure 7.1: Schematic illustration of the FeO (wu¨stite), Fe3O4 (magnetite), γ-Fe2O3 (maghemite)
and α-Fe2O3 (hematite) stoichiometric FeOx phases. The crystal structures were constructed using
the VESTA [104] software package. Red and gold represents the O and Fe atoms respectively. The
structural, atomic position and lattice parameters were obtained for (1) FeO from [144, 145],(2)
Fe3O4 from [146,147], (3) γ-Fe2O3 from [148,149] and (4) α-Fe2O3 from [150,151]. The structures
have been orientated in the [111], [110] and [100] directions. Additionally, the space group of each
phase has also been included.
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α-Fe2O3 has potential applications as photoanodic electrodes for water splitting
[154], anodes for lithium batteries and gas sensors [155–157]; the latter two of these
take advantage of nano-structured hematite. Traditionally, maghemite γ-Fe2O3 has
been used in recording media such as magnetic tapes [158]. However, like hematite,
maghemite also has a potential use a gas sensor [159,160]. Additionally, maghemite
has been suggested as a candidate for magnetooptical devices [161].
7.1.1 Fe3O4 and Half-Metallic Band Structure
Figure 7.2 shows an illustration of the spin resolved density of states for a normal
metal, a ferromagnetic metal, a semiconductor and a half-metal. For a normal metal
the conduction band extends across the Fermi level (Ef as indicated by the dotted
line in Figure 7.2) and therefore comprises both occupied and unoccupied states,
allowing the free conduction of electrons [24]. Since there are an equal number of
filled spin ↑ and spin ↓ electronic states up to Ef at T = 0 K, there is no net
spin polarisation. This also holds for a non-magnetic semiconductor or insulator.
However, in this case the Fermi level lies in the band gap between the valence and
conduction bands [162].
Alternatively, when considering a magnetic material, the density of states at the
Fermi level are offset so that there are a different number of occupied spin ↑ and
spin ↓ states [163]. As is the case for a normal metal, in a ferromagnetic metal the
conduction band for both spins crosses the Fermi level. However, since the number
of conduction electrons for each channel differs for a Ferromagnetic metal, a net spin
polarisation exists due to the exchange interaction [164]. A half metal is a material
that is predicted to be 100 % spin polarised at the Fermi level at T = 0 K [165].
As such, the density of states of one spin crosses the Fermi level (i.e. conducting),
whilst there is a band gap for the other (insulating or semi-conducting). However, it
should be noted that the conducting channel can be either the majority or minority
spin.
In terms of applications, highly spin polarised currents are desirable for the use
in spintronic devices [5]. For example, if a highly spin polarised material is used
for a magnetic tunnel junction, the tunnelling magneto-resistance can be enhanced
[163]. As Fe3O4 is a highly spin polarised half-metal [166,167], there is large interest
in it use for spintronic devices. Specifically, Fe3O4 has been investigated for its use
in magnetic tunnel junctions and spin valves [168–172].
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Figure 7.2: Illustration showing the spin resolved density of states for a normal metal, ferromagnetic
metal, half-metal and an insulator or semiconductor. The dotted line signifies the Fermi level,
whilst the coloured regions show the occupied states. Redrawn from [24].
As has already been mentioned, the half-metallic behaviour of materials arises
from the existence of a band gap at the Fermi level for one spin state. The origin of
the half-metallicity in Fe3O4 arises from d-d (crystal field) splitting [165]. As such,
the Fermi level lies in a band gap in the majority spin channel in Fe3O4, which
can be observed in the band structure calculated by Pe´nicaud et al [173], shown in
Figure 7.3. Additionally, previous to Pe´nicaud et al, Groot et al also calculated the
band structure showing that the band gap in the majority spin channel was 0.76 eV
[174].
7.1.2 Verwey Transition in Fe3O4
At ' 125 K, Fe3O4 (magnetite) exhibits a single first order Verwey transition that
is highly characteristic of this material. At this temperature, Fe3O4 undergoes
a simultaneous electrical, structural, magnetic and specific heat phase transition
[175]. In terms of electrical transport properties, this is observed as a sharp increase
in resistivity of 2 orders of magnitude. The height and the exact temperature this
transition occurs at is a good indication of the stoichiometric quality of the sample.
If the Fe3O4 sample has an excess of oxygen, the height and the temperature of the
transition decreases [176, 177]. Furthermore, excessive oxygen content well beyond
stoichiometric Fe3O4, results in the complete disappearance of the transition.
Figure 7.4 shows a phase diagram of FeOx with respect to the relative weight
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Figure 7.3: Band structure of Fe3O4 for the high temperature phase (above ' 125 K, see section
7.1.2), showing the band gap in the majority spin channel, as calculated by [173]1.
between FeO and Fe2O3 and temperature. What is clear from the diagram is that
Fe3O4 lies in a small region of stability and this can make it difficult to produce high
quality bulk crystals [175]. The diagram also indicates that Fe3O4 occurs at a ratio
of ∼70 % weight of Fe2O3 to ∼30 % FeO. Since the Verwey transition in magnetite is
highly sensitive to this ratio, its presence indicates that some of the sample comprises
this composition. Consequently, the existence of the Verwey transition can be used
as a good fingerprint for the presence of Fe3O4.
1Reprinted from Journal of Magnetism and Magnetic Materials, Vol 103 Issues 1-2, M. Pe´nicaud,
B. Siberchicot, C.B. Sommers and J. Ku¨bler, Calculated electronic band structure and magnetic
moments of ferrites, 212–220, Copyright (1992), with permission from Elsevier
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Figure 7.4: Phase diagram showing the dependence of the stoichiometry and phase of FeOx with
respect to the % weight of Fe2O3 in relation to FeO (i.e. 0 % = 100 % FeO and 100 % = 100 %
Fe2O3) and temperature. The percentage weight for Fe3O4 (magnetite) is indicated. Redrawn
from [175].
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7.1.3 Review of Thin Film FeOx
Thin films of iron oxide in its various oxidation and structural phases have been
deposited by PLD. Some of the earliest work on PLD of iron oxide thin films concen-
trated on the influence of background oxygen pressure on the phase of the deposited
film. Ogale et al [178] investigated the phase of iron oxide films deposited from a
γ-Fe2O3 target onto Al2O3 and carbon substrates under various O2 pressures. The
films deposited in vacuum showed a clear loss of oxygen and were found to comprise
disordered FeO. At 3× 10−5 Torr of O2, the films were shown to be of mixed Fe3O4
and FeO phase, whilst 1× 10−4 Torr exhibited purely Fe3O4, which was further
supported by XRD data published in [179].
An initial investigation on the deposition of Fe2O3 on MgO (001) substrates
from an α-Fe2O3 target was conducted by Johnson et al [180]. The films were
deposited under a constant background pressure of 15 mTorr O2 at a substrate
temperature of 500 ◦C, whilst the thickness of the films was varied by the number
of laser pulses used. The phase was found to change from γ-Fe2O3 at 250 nm to
α-Fe2O3 at 450 nm. However, later studies by Shima et al [181] and Tepper et al
[182], found that films of γ-Fe2O3 on Si and MgO (100) substrates could be grown
up to maximum thicknesses of 530 nm and 680 nm respectively, without a change
in phase. Furthermore, in these studies γ-Fe2O3 was deposited in vacuum from an
α-Fe2O3 target. Films of the same phase as the target were produced under O2
pressures of between 2 - 7 Pa. Additionally, the γ-Fe2O3 films were found to grow
in a cube on cube epitaxial regime on MgO substrates.
A number of studies have been conducted on the growth of magnetite thin films
by PLD and the influence of the deposition parameters on the Verwey transition.
The effect of the thickness of the film on the height and temperature of the Verwey
transition were investigated by [183,184]. Fe3O4 thin films deposited on MgO (100),
SrTiO3 (100) and polycrystalline SrTiO3 substrates at 350
◦C in vacuum were stud-
ied by Li et al [184]. Varying the thickness of Fe3O4 films on MgO (100) was found
to strongly influence the sharpness of the Verwey transition. The thinnest film of
150 nm did not exhibit the transition, whilst increasing the thickness to a maxi-
mum value of 660 nm showed a systematic improvement of the transition height.
Furthermore, the transition temperature was found to increase with increasing film
thickness. Li et al suggested that the disappearance of the Verwey transition with
decreasing film thickness, was due to the increased epitaxial strain induced by the
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slight lattice mismatch between Fe3O4 and MgO. Consequently, it was proposed
that the strain was limiting the degree of orthorhombic lattice deformation that
occurs during the Verwey transition, resulting in a suppression of the effect.
However, a later study by Chapline et al [185] indicated that <50 nm thin films
could be grown on MgO that exhibited the Verwey transition. The effect of the
deposition parameters on the height and position of the Verwey transition were
found to be highly sensitive. Hence, Chapline et al showed that Fe3O4 films as thin
as 20 nm could exhibit a clear transition from careful adjustment of the partial O2
pressure. Finally, Chapline et al suggested that due to the critical nature of the
deposition parameters, the Verwey transition could be used as a standard in which
to determine the quality of the deposited film.
Although not extensively studied, a few investigations into the deposition of
Fe3O4 thin films from Fe targets have been conducted. Kennedy [186] deposited
Fe3O4 from a metallic target onto glass and MgO substrates. The optimum de-
position parameters were found to be 505 ◦C in a pressure of 10× 10−4 Torr. On
glass the films were found to exhibit a (111) fibre texture, whilst on MgO the films
were c-axis orientated. In contrast, Sena et al [187] observed that the orientation
of Fe3O4 films deposited from a Fe target onto polycrystalline quartz at a constant
deposition pressure of 5× 10−3 Torr, were dependent on the substrate temperature.
At a substrate temperature of 75 ◦C c-axis orientated magnetite was produced. In-
creasing the temperature up to a maximum value of 280 ◦C resulted in a reduction
in the amount of c-axis orientated material present and the film became fully poly-
crystalline. Beyond this substrate temperature, the film consisted of mixed phase
magnetite and hematite. At 575 ◦C only the hematite phase was present (see Figure
7.1 for the different stoichiometric phases of FeOx).
There has been some research conducted on the post-deposition annealing of
Fe2O3 thin films as a method of producing Fe3O4. Iljinas et al [188] deposited
Fe2O3/Fe multi-layers on glass using magnetron sputtering, which were then subse-
quently annealed at 450 ◦C in vacuum for 2 hrs. This resulted in the production of
textured polycrystalline Fe3O4 thin films with a 30 nm grain size. The growth of epi-
taxial (111) oriented Fe3O4 on (111) Yttrium stabilised zirconia (YSZ) was studied
by Matsuzaki et al [189]. The films were initially deposited via PLD at a substrate
temperature of 300 ◦C and a O2 pressure of 2× 10−4 mbar. Post-deposition, these
films were then annealed for half an hour in a CO/CO2 gas mixture at anneal tem-
peratures of between 800-1100 ◦C. The optimum anneal parameters were found to
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be a CO/CO2 ratio of 5000 and an anneal temperature of 1100
◦C. These films were
found to exhibit a sharp Verwey transition and were found to be epitaxially matched
to the substrate.
7.2 X-ray Diffraction
7.2.1 Introduction
The investigation of iron oxide thin films produced by reactive PLD, and by the
process of post annealing iron films in a pure oxygen atmosphere, is presented in
this chapter. The XRD results in this section provide some indication of the struc-
tural and chemical composition of the FeOx films deposited in this investigation.
When used in conjunction with other analysis techniques, this information provides
a good basis for understanding the properties of these films. As with WO3 (see sec-
tion 6.2.1), the different structural and chemical phases of iron oxide, particularly
Fe3O4 and Fe2O3, have similar d-spacing values for certain reflections. As such, the
determination of the phases of these films has been considered in conjunction with
the information provided by the resistance measurements shown in section 7.3. Once
again all of the films in this section have been indexed using PDF cards from ICDD
(see section 6.2.1 for details of the PDF card format). The PDF cards used were
of the following phases and structures: FeO [145]; Fe3O4 magnetite [147]; β
′′-Fe2O3
[190]; Fe2O3 maghemite [149] and Fe2O3 hematite [151].
7.2.2 Preliminary Iron Oxide Growth Optimisation
The investigation into the growth of Fe3O4 was initially conducted in the same way
as for the growth of WOx (see section 6.2.2). An initial investigation of the substrate
temperature and O2 process pressure on the growth of iron oxide from a pure Fe
target was performed. All of the films shown in this chapter were grown using a
deposition fluence of 28 J cm−2.
Figure 7.5 shows the XRD data for iron oxide thin films deposited at various
substrate temperatures onto glass substrates. All of the films in this series were
deposited under an O2 process gas pressure of 5× 10−4 mbar. At 29 ◦C only one
observable Bragg peak is present, which occurs at a scattering angle of 35.19◦ 2θ.
By comparing the position of this peak to the values in the PDF cards listed above,
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Figure 7.5: XRD scans of FeOx films deposited on glass showing the dependence on the micro
structure with respect to the deposition temperature. The films were grown at substrate tempera-
tures of 600 ◦C (Light grey), 400 ◦C (Yellow), 200 ◦C (Red) and room temperature (Green), grown
under a constant O2 background pressure of 5× 10−4 mbar. (a) shows the full scan range, whilst
(b) shows the 32-38◦ 2θ region. (b) clearly shows a shift in the position of the Bragg reflection,
located in the 35-36◦ 2θ region, to higher scattering angles with increasing substrate temperature.
Included in panel (b) are the peak fits used to determine the peak positions stated in the text for
these reflections: the envelope (black solid line) and the baseline (grey dashed line). The scans in
all panels have been shifted in intensity for clarity.
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the closest bulk reflection occurs from the (201) β′′-Fe2O3 structure.
Once again at a substrate temperature of 200 ◦C the film exhibits a single Bragg
reflection, which has been shifted to a higher angle of 35.45◦ 2θ. The position of this
reflection suggests that it may be derived from a number of different phases: either
the (311) Fe3O4, (311) Fe2O3 maghemite or the (110) Fe2O3 hematite structure.
The Bragg intensity observed at this substrate temperature is the largest for all of
the films in this series. This indicates that in terms of crystallisation, 200 ◦C is the
optimum growth temperature for this O2 process pressure.
Further increasing the substrate temperature produces a similar structure as for
the lower two substrate temperatures. The single Bragg peak has shifted further to
an angle of 35.57◦ 2θ, thus continuing the trend of this reflection shifting to higher
scattering angles with increasing substrate temperature. As before this reflection
could be derived from the aforementioned phases suggested for the 200 ◦C film. The
overall film crystallisation has dropped considerably from the 200 ◦C, as is evident
by the drop in Bragg intensity. By raising the substrate temperature, the available
energy for the deposited material will increase. Consequently, this will increase
the size of the critical radius required for grain formation, resulting in fewer larger
grains. This increased size of the grain structure may be less energetically favourable
for this material-substrate configuration to crystallise.
The highest substrate temperature of 600 ◦C, shows a slightly different picture.
Firstly, the overall Bragg intensity has dropped considerably, indicating that the
film is poorly crystallised. Furthermore, there are now two very weak Bragg reflec-
tions at 33.26◦ and 35.73◦ 2θ. The latter reflection is likely to be related to the
Bragg peak observed for the lower temperature depositions. As such, this reflection
has shifted further towards higher scattering angles, in comparison to the films de-
posited at lower substrate temperatures. Therefore the position of this reflection
is continuing the trend that has been observed throughout the series. The former
reflection appears to occur from the (104) Fe2O3 hematite phase. It is still unclear
however, if this film is single (i.e. hematite) or of mixed phase.
The origin of the reflection that occurs in the 35◦ 2θ region, as observed for all
of the films in this series, needs some discussion. It is likely that this reflection is
derived from the same lattice plane; albeit with varying degrees of strain causing the
shift to higher scattering angles with increasing substrate temperatures. As already
mentioned the difference in d-spacings between the different iron oxide phases are
small. Given that the observed reflections from the deposited films may be modified
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Table 7.1: Room temperature resistance values measured for the FeOx films deposited on glass
shown in Figures 7.5, 7.6 and 7.7. Also included is the resistance values for the second stage an-
nealed Fe3O4 film (see Figure 7.8), and a pure Fe film of comparable thickness. TS is the substrate
temperature, TA is the first stage anneal temperature, TV A is the second stage vacuum anneal
temperature, PO2 is the process gas pressure (for non-annealed films), PA is the O2 annealing
pressure and RRT is the room temperature resistance value.
Substrate Temperature Series
TS (
◦C) PO2 (mbar) RRT (Ω) % Error
29 5.00× 10−4 3.03× 104 2.17
200 5.00× 10−4 4.50× 105 10.01
400 5.00× 10−4 4.10× 106 50.01
600 5.00× 10−4 Not Measurable N/A
O2 Pressure Series
TS (
◦C) PO2 (mbar) RRT (Ω) % Error
200 5.00× 10−4 4.50× 105 10.01
200 3.00× 10−3 Not Measurable N/A
200 6.00× 10−3 Not Measurable N/A
200 1.00× 10−2 Not Measurable N/A
First Stage Anneal
TA (
◦C) PA (mbar) RRT (Ω) % Error Anneal Time
200 5.00× 10−4 5.54× 105 2.97 1 Hr
175 5.00× 10−4 10.47 5.00 1 Hr
150 5.00× 10−4 2.4 5.42 1 Hr
Second Stage Anneal Fe3O4 (175
◦C 1 Hr Anneal with Vacuum Anneal)
TV A (
◦C) RRT (Ω) % Error Anneal Time
500 44.7 5.00 1 Hr
Fe Film Control (Fe Film before 1st and 2nd Anneal stages)
TS (
◦C) RRT (Ω) % Error
200 1.1 0.46
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from the bulk value by strain, it is not possible to truly identify the exact phase
from XRD alone.
Table 7.1 shows the room temperature resistance values measured for the films
shown in Figures 7.5, 7.6 and 7.7, in addition to a film believed to comprise Fe3O4 (as
confirmed in section 7.3, by the presence of the Verwey transition) and a pure Fe film.
At this point it should be noted that not all of the films could be measured, as their
room temperature resistance exceeded the maximum capabilities of the system. The
highest measured resistance was obtained for the 400 ◦C film at a value of 4.1 MΩ.
The large error associated with this particular measurement highlights that this
resistance value was very close to the upper measurable limit for the equipment. As
such all non-measurable samples should be regarded to have resistances exceeding
this value. Finally, all of the films shown in this table were of comparable thickness
(in the order of 110 nm); where the largest variation in thickness was observed for
the pressure series films (the thinnest being 88 nm), the values of which are displayed
in Table 7.2. The small deviation in film thickness allows for the values of resistance
to be used as a relative comparison of these films electronic properties (although
caution should be exercised when comparing resistance values that are very close,
i.e. a factor of 2 or less apart).
From Table 7.1 it can be seen that all of the films in Figure 7.5 have a far larger
room temperature resistance value than the Fe3O4 sample. Given that Fe3O4 at
room temperature should be close to metallic [175], the large resistance observed
for the films in this series strongly suggest that they are some form of Fe2O3, which
is more electrically insulating [152]. Thus although the Fe3O4 (311) reflection also
occurs close to the peak positions observed for this reflection, it is unlikely to be
in this oxide phase. Upon consideration of all of these factors, the reflection that
occurs in the 35◦ 2θ region could originate from either the (201) β′′-Fe2O3, the (311)
maghemite or the (110) hematite Fe2O3 structural phases.
Figure 7.6 shows the XRD data for iron oxide films deposited at a substrate
temperature of 200 ◦C at various O2 process gas pressures on glass. At first glance,
it can be seen that all the films in this series exhibit a single Bragg peak in the 35◦ 2θ
region, indicating a single out of plane texture. The position of this reflection occurs
at scattering angles of 35.45◦, 35.51◦, 35.41◦ and 35.44◦ 2θ for deposition pressures
of 5× 10−4 mbar, 3× 10−3 mbar, 6× 10−3 mbar and 1× 10−2 mbar respectively.
From these positions it can be seen that there is very little deviation between films.
Furthermore, there is no apparent trend with respect to the deposition pressure
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Figure 7.6: XRD scans of FeOx films deposited on glass showing the dependence on the micro
structure with respect to the deposition O2 pressure. The films were deposited in background
O2 pressures of 1× 10−2 mbar (Light grey), 6× 10−3 mbar (Yellow), 3× 10−3 mbar (Red) and
5× 10−4 mbar (Green). The four films shown here were grown using the same substrate temper-
ature of 200 ◦C. (a) shows the full scan range, whilst (b) shows the 34-37◦ 2θ region. Included
in panel (b) are the peak fits used to determine the peak positions stated in the text for these
reflections: the envelope (black solid line) and the baseline (grey dashed line). The scans in all
panels have been shifted in intensity for clarity.
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used.
As with the films shown in Figure 7.5, this reflection could be derived from either
the (311) maghemite or (110) hematite Fe2O3 lattice plains or the (201) β
′′-Fe2O3
reflection. The latter of these, however, is least likely as the bulk position of the (201)
β′′-Fe2O3 is 35.09◦ 2θ [190], which is further away than both the (311) maghemite
(35.63◦ 2θ [149]) and (110) hematite (35.61◦ 2θ [151]) phases with respect to the
reflections observed in Figure 7.6. Once again, although the Fe3O4 (311) reflection
(35.46◦ 2θ [147]) is a very close match, the resistance values shown in Table 7.1 for
these films exceed the value measured for the Fe3O4 sample by several orders of
magnitude (in fact only one film in this series could be measured due to the very
high resistance exhibited by these samples). Therefore, this suggests that all of
these films are insulating in nature. Consequently, it is more likely that they are in
the Fe2O3 oxidation state, rather than Fe3O4.
The Bragg intensity can be observed to decrease consistently with increasing de-
position pressure. Part of this reduction in the Bragg intensity, and thus the overall
film crystallisation, will be due to the thickness difference between the films. As the
pressure is increased the deposition rate will be impeded, due to increased particle
collisions with the plasma plume. Since all of the films shown here were deposited for
the same duration, the film thickness decreased for increasing pressure; the values of
which are shown in Table 7.2. The maximum difference between the film thickness
values is 24 nm. The thinnest film is therefore still 78.6 % of the thickest film. Con-
sequently, in terms of proportion, the reduction in thickness between the 5× 10−4
and 1× 10−2 films is less than the observed reduction in the Bragg intensity. Al-
though the degree of film crystallisation with respect to thickness may not be linear,
the drop in intensity with increasing deposition pressure is unlikely to occur from
Table 7.2: Thickness values as determined by XRR measurements for FeOx films deposited on
glass substrates at various O2 process gas pressures (as displayed in Figure 7.6).
PO2 (mbar) TS (
◦C) Thickness (nm) Error ± (nm)
5.00× 10−4 200 111.94 1.52
3.00× 10−3 200 100.51 0.22
6.00× 10−3 200 95.40 0.41
1.00× 10−2 200 88.01 1.02
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the reduction in film thickness alone. When the plume interacts with a background
gas, multiple collisions reduce the energy of the deposited particles impinging on the
substrate surface. Depending on the magnitude of the background pressure used,
the plume can be decelerated significantly. This reduction in the available energy
of the deposited species, may be inhibiting the crystallisation of the films deposited
at higher pressures to a significant degree. Therefore, this may result in a strong
reduction in the Bragg intensity with respect to increasing deposition pressure; as
is observed in Figure 7.6.
7.2.3 Fe3O4 on Glass and MgO
From the preliminary experiments it is clear that Fe3O4 cannot be produced under
these deposition conditions. Even at room temperature and at the lowest deposition
pressure of 5× 10−4 mbar O2, the resistance is still 2 - 3 orders of magnitude larger
than the Fe3O4 sample shown in Table 7.1. Fe3O4 films have been produced from a
Fe target using low O2 pressures of ∼10−5 mbar [186], or ablating an Fe2O3 target
at pressures of ∼10−7 mbar [191]. The equipment used for this investigation, has
a lower limit to the stable deposition pressure that can be attained. Consequently,
the lowest O2 process pressure that could be reliably used was 5× 10−4 mbar. As
a result of this limitation, the effect of post-annealing pure iron films in an oxygen
atmosphere as a way of producing Fe3O4 thin films was investigated.
7.2.3.1 Fe3O4 on Glass
Figure 7.7 shows XRD scans of FeOx films produced by annealing a pure Fe film
in 5× 10−4 mbar O2 pressure, in addition to a non-annealed Fe film. The pure Fe
films were grown in vacuum at a substrate temperature of 200 ◦C on glass substrates.
The substrate temperature was then adjusted to the required value and left to settle.
Once the temperature had stabilised, the anneal pressure was set and the samples
were left for 1 hr. Upon the conclusion of this annealing stage, the substrate heater
was turned off and cooled to room temperature in the O2 atmosphere.
At first glance, all of the annealed films presented in Figure 7.7 appear to display
a similar structure. The XRD spectra for the all of the films in this series show two
weak Bragg reflections in the 35◦ and 43◦ 2θ regions. The Bragg peak in the 35◦ 2θ
region occurs specifically at scattering angles of 35.7◦, 35.5◦ and 35.9◦ 2θ for the
films annealed at 150 ◦C, 175 ◦C and 200 ◦C respectively. From these positions,
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Figure 7.7: XRD scans of Fe films deposited on glass in vacuum, at a substrate temperature of
200 ◦C, showing the dependence on the micro structure as a result of post-deposition O2 annealing.
Three of the four films shown in this Figure were annealed in 5× 10−4 mbar O2 for 1 hour at
substrate temperatures of 200 ◦C (Light grey), 175 ◦C (Yellow) and 150 ◦C (Red), with the non-
annealed pure Fe film included for comparison (Green). (a) shows the full scan range, whilst (b)
and (c) show the 34-45◦ and 64-66.5◦ 2θ regions respectively. Included in panel (b) and (c) are the
peak fits used to determine the peak positions stated in the text for these reflections: the envelope
(black solid line) and the baseline (grey dashed line). The scans in all panels have been shifted in
intensity for clarity.
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there does not appear to be a trend with respect to the anneal temperature. As
with the other series discussed in this chapter, the origin of the Bragg peak present
in the 35◦ 2θ region is unclear; with the main candidates being the (311) Fe3O4,
(311) Fe2O3 maghemite or the (110) Fe2O3 hematite structure.
The position of the reflections that occur in the 43◦ 2θ region, however, may
provide some indication of the phase in which these films have partially crys-
tallised. Specifically, these reflections occur at scattering angles of 43.30◦, 43.26◦
and 43.53◦ 2θ for the films annealed at 150 ◦C, 175 ◦C and 200 ◦C respectively. The
position of these reflections for the lower two anneal temperatures, occur at a very
similar scattering angle to the bulk (400) Fe2O3 maghemite lattice plane, which is
located at a scattering angle of 43.29◦ 2θ [149]. In contrast, the film annealed at
200 ◦C exhibits this Bragg reflection at a scattering angle that is very close to the
bulk (202) Fe2O3 hematite position of 43.52
◦ 2θ [151]. Consequently, this would
suggest that the 200 ◦C film has partially crystallised in the hematite phase, whilst
at lower annealing temperatures these films may exist in the maghemite phase.
In general, all of the films shown in Figure 7.7 exhibit poor crystallisation, as
indicated by the very low signal to noise ratio between the background and Bragg
intensities. This strongly suggests that only a small volume of the film is actually
crystallised. As such, it may be the case that only the surface is crystallised, which
is limited to a depth where the oxygen has diffused during annealing. Moreover, the
resistance values for the 175 ◦C and 150 ◦C annealed films, shown in Table 7.1, are
close to that of the pure Fe film. Therefore indicating that for these films at least,
there is likely to be unoxidised Fe present. Furthermore, the pure Fe film exhibits
a Bragg reflection at a scattering angle of 65.25◦ 2θ relating to the (200) BCC Fe
lattice plane [192], which is not observed in any of the annealed films. Consequently,
this implies that after annealing any unoxidised Fe, which may remain in the bulk
of the film, is not crystallised. Finally, upon increasing the annealing temperature
the overall Bragg intensity improves, suggesting that a larger volume of crystallised
material is present, which would be consistent with an increase in the thickness of
a surface oxide layer.
If it is assumed that only the surface of these films has crystallised, and that the
200 ◦C is the most oxidised film of the series, it supports the indications drawn from
the positions of the Bragg reflections present in the 43◦ 2θ region. Whilst it could
be argued that the reflections observed in the 43◦ 2θ region can originate from either
of the (400) maghemite or (202) hematite lattice planes (with any deviation from
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the bulk position may be due to strain), it is most likely that the 200 ◦C annealed
film is in the hematite phase. As this phase is slightly more oxidised than the
maghemite phase [182], this would be consistent with the resistance measurements
of this film. Correspondingly, it would be sensible to assume that the small amount
of crystallised material present for the 150 ◦C and 175 ◦C annealed films, is in the
maghemite phase.
Although both the 150 ◦C and 175 ◦C annealed films showed comparable resis-
tances to the Fe3O4 sample (as shown in Table 7.1), neither of which exhibited the
Verwey transition (see section 7.3 for the 175 ◦C annealed film). Subsequently it
was found that annealing the 175 ◦C O2 annealed film in vacuum at 500 ◦C for 1 hr
provided the desired transition; indicating the presence of Fe3O4. The XRD diffrac-
tion profiles for the 175 ◦C O2 annealed film with and without a 500 ◦C vacuum
anneal stage are shown in Figure 7.8. For future reference, the film without the
additional 500 ◦C vacuum anneal will be known as a 1st stage annealed film, whilst
the film with the 500 ◦C vacuum anneal will be referred to as a 2nd stage annealed
film.
In general, the 500 ◦C vacuum anneal stage has slightly improved the crystallisa-
tion of the film. This is evident not only by the increase in Bragg intensity between
the two films, but also by the emergence of two additional peaks not present in the
non-vacuum annealed sample. The four Bragg reflections, which can be observed in
the vacuum annealed sample, occur at scattering angles of 35.6◦, 43.25◦, 57.2◦ and
65.3◦ 2θ. The first three of these reflections are very close to the bulk positions of
the (311), (400) and (511) Fe2O3 maghemite lattice planes, whilst the latter arises
from the (200) Fe lattice reflection. Consequently, this indicates that the film con-
sists of both well oxidised and unoxidised iron. Not only does this support the idea
of a well oxidised surface layer, as described for Figure 7.7, but also suggests that
both the 1st and 2nd stage annealed films consist of a continuous oxide gradient;
decreasing in oxidisation with increasing depth from the surface.
The lack of any clear indication of Fe3O4 for the 2nd stage anneal film is un-
expected. Given that this film exhibited the Verwey transition (see section 7.3),
a large fraction of the film almost certainly comprises Fe3O4. This would suggest
that either the Fe3O4 lattice planes are being hidden or are indistinguishable from
the Fe2O3 maghemite lattice reflections (resulting from the very similar d-spacings
between these two phases), or that the Fe3O4 is amorphous.
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Figure 7.8: XRD scans comparing the difference in the micro structure of FeOx films grown on
glass, produced by two different annealing procedures. Two iron films were grown at a deposition
temperature of 200 ◦C prior to annealing. Both films were then annealed in 5× 10−4 mbar O2 for
1 hour at 175 ◦C. One of the two films (Green) was then further annealed in vacuum at 500 ◦C
for 1 hr and is compared here with the non-vacuum annealed film (Yellow). (a) shows the full
scan range, whilst (b) and (c) show the 34-45◦ and 55-68◦ 2θ regions respectively. Included in
panel (b) and (c) are the peak fits used to determine the peak positions stated in the text for these
reflections: the envelope (black solid line) and the baseline (grey dashed line). The scans in all
panels have been shifted in intensity for clarity.
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7.2.3.2 Fe3O4 on MgO
As MgO has a very similar lattice parameter to Fe3O4 (a mismatch of 0.34 %) [193],
it should promote far better crystallisation than observed on glass. This therefore
makes it a good substrate to investigate the influence of improved crystallisation on
the annealing process, and the final annealed film properties. As will be discussed
in 7.3, the same parameters that produced Fe3O4 on glass substrates, were observed
to exhibit metallic behaviour for films deposited on MgO. It was therefore assumed
that the diffusion rate of O2 into the bulk was slower for Fe films deposited on
MgO. As a result, an investigation on the influence of the 2nd vacuum anneal stage
duration on the overall oxidation state of the film, was subsequently conducted.
Figure 7.9 shows XRD scans for FeOx films on MgO (100) produced by post
deposition annealing in O2 for 1 hr, followed by annealing at 500
◦C in vacuum for
varying lengths of time. Also included in Figure 7.9 for comparison, are the XRD
patterns for a non-annealed pure Fe film and a 1st stage only O2 annealed film. For
reference, the 1 hr annealed film was produced under identical conditions to the 2nd
stage annealed film on glass; as shown in Figure 7.8.
At this point it should be noted that the step-like jump in intensity at 41.5◦ 2θ
is an artefact resulting from the type of detector used to record these scans. The
detector is a 1D Si strip detector consisting of 192 individual elements [194]. The
data is captured by integrating the intensity across the total of the 5◦ 2θ window for
each point in the scan. In practice this means that when scanning across a single
crystal Bragg reflection, one part of the detector will be saturated whilst the other
end of the detector will be still recording the beginning of the peak. For really
intense reflections, i.e. when the dead time becomes large, this can result in this
step-like artefact, and as such its presence should be disregarded as it is not a feature
characteristic of the sample.
All of the films in Figure 7.9 exhibit a Bragg reflection close to 65◦ 2θ, arising
from the (200) Fe lattice plane. Consequently, this indicates that unoxidised Fe
is present in all of the films in this series. The amount of crystallised Fe varies
however. By comparing the pure Fe film against the 1st stage only annealed film,
a significant reduction in the amount of crystallised Fe can be observed. This does
not necessarily mean, however, that the overall amount of unoxidised Fe in the film
has reduced to same degree. The oxidisation of some of the film may suppress the
ability for the unoxidised Fe to crystallise. Nonetheless, the change in crystallised
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Figure 7.9: XRD scans of FeOx films grown on MgO (100) showing the dependence on the micro
structure with respect to the duration of the 500 ◦C vacuum anneal stage. Five iron films were
deposited in vacuum at a substrate temperature of 200 ◦C. Four of which were then annealed in
5× 10−4 mbar O2 for 1 hour at 175 ◦C. The non-annealed pure iron film is shown by (Light Blue),
whilst (Green) shows the film that has been annealed under the 1st O2 stage only. The remaining
three films were then given a further vacuum anneal for durations of: 4 hours (Blue), 2 hours
(Yellow) and 1 hour (Red). (a) shows the full scan range, whilst (b) and (c) show the 40-45◦ and
63-67◦ 2θ regions respectively. The scans in all panels have been shifted in intensity for clarity.
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Fe with respect to the annealing parameters, can still provide some information to
the degree of oxidisation of the film; if albeit not fully quantifiable.
The 1 hr vacuum annealed film displays only a slight reduction in the amount
of crystallised Fe in comparison to the 1st stage only annealed film. However, the
appearance of a large peak at a scattering angle of 42.3◦ 2θ relating to the (200)
FeO lattice reflection, is now present. This suggests that from the first stage anneal,
some diffusion of O2 into the bulk has occurred, allowing the strong crystallisation
of FeO. The strong presence of FeO does, nevertheless, indicate that the bulk of the
film is still under-oxidised with respect to the Fe3O4 phase. Increasing the vacuum
stage anneal time to 2 hrs results in the disappearance of the (200) FeO reflection,
in addition to a significant reduction in the Bragg intensity of the (200) Fe lattice
reflection. This implies that the film is more oxidised throughout and that more
O2 has diffused into the bulk of the film from the surface. Further increasing the
anneal time to 4 hrs results in a slight increase in the amount of crystallised Fe.
Due to the length of the vacuum anneal stage, it is possible that an overall loss of
oxygen has occurred, which may explain the perceived increase of Fe within the film.
Alternatively, the 4 hr anneal may have provided enough time for diffusion, such that
the available O2 has become well distributed throughout the film. Consequently,
this may allow the remainder of unoxidised Fe present to be able to crystallise.
Furthermore, this would imply that the suppression of the Fe crystallisation could
be resulting from a non-homogeneous distribution of O2 throughout the film.
In order to gain a better understanding of the progression of the oxidation state
of the films shown in Figure 7.9, more detailed XRD scans centred around the MgO
(400) substrate peak were taken. These scans are shown in Figure 7.10. The black
trace overlaid on each scan is a XRD scan of a blank MgO (100) substrate. This has
been included to help guide the eye and better show any small contributions to the
measured Bragg intensity arising from the film. From careful observation of the 1st
stage annealed film, a low intensity broad Bragg peak located close to 96◦ 2θ, can be
seen. This Bragg peak most likely occurs from the (800) Fe2O3 maghemite lattice
plane. Given the existence of crystallised Fe (as observed in Figure 7.9 for this film),
the additional presence of Fe2O3 indicates that the film is most likely comprised of a
strongly oxidised surface layer, whilst the majority of the film consists of unoxidised
Fe.
The 1 hr vacuum anneal does not appear to exhibit any crystallised Fe2O3.
However, a Bragg peak located close to 92◦ 2θ relating to the (400) FeO lattice
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Figure 7.10: XRD scans of FeOx films centred around the MgO (400) reflection, showing the
fine detail of micro structure with respect to the duration of the 500 ◦C vacuum anneal stage. By
scanning across the MgO (400) reflection more information can be obtained than for the MgO (200).
This is due there being a greater angular separation in 2θ for the higher order Bragg reflections.
The pre-annealed iron films were grown in vacuum under the same substrate temperature of 200 ◦C.
The films were then annealed in 5× 10−4 mbar O2 for 1 hour at 175 ◦C prior to the vacuum anneal.
For comparison (Green) shows a film that has been annealed under the 1st O2 stage only, and
(Light Blue) shows a pre-annealed Fe film. Finally, the films were annealed in vacuum at durations
of: 4 hours (Blue), 2 hours (Yellow) and 1 hour (Red). The black traces are of the blank MgO
substrate to help guide the eye. The scans have been shifted in intensity for clarity.
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Figure 7.11: Illustration of the proposed progression of oxygen diffusion with increasing vacuum
anneal duration. (a) after the 1st stage anneal a heavily oxidised surface layer is present which
sharply decreases in oxidation with increasing depth. (b) after a 1 hr vacuum anneal the FeO
contribution to the film has increased, whilst the surface oxide layer has reduced due to the
redistribution of oxygen. (c) 2 hr anneal continues the trend of further penetration of FeO into
the bulk, and also the contribution from Fe3O4 is more prominent; both at the cost of a significant
reduction of the surface oxide layer. (d) after a 4 hr anneal the film is likely to have very little if
any of the surface oxide remaining. As such, any further oxidisation of the film is now limited, as
the available oxygen from the 1st stage anneal is now well distributed throughout. It should be
noted that the purpose of this diagram is solely to illustrate the perceived diffusion progression,
as such it should not be regarded as a precise representation of the actual diffusion process.
plane is now present. As the (400) FeO lattice plane is the second order reflection of
the (200) FeO plane (as can be observed in Figure 7.9), its existence suggests that
the FeO within the film is well crystallised. The absence of any crystallised Fe2O3,
coupled with the large FeO contribution, indicates that during the vacuum anneal
O2 is indeed diffusing from the oxidised surface layer into the bulk, resulting in a
significant portion of the film becoming slightly oxidised. The 2 hr vacuum anneal
shows a significant reduction in the intensity of the (400) FeO reflection, yet a very
slight contribution to the Bragg intensity from this lattice plane is still present.
Consequently, this indicates that actually there is still a small part of the film that
comprises crystallised FeO, which can not be detected in Figure 7.9. An additional
Bragg reflection can be observed at a scattering angle of 94.95◦ 2θ, relating to the
(800) Fe3O4 Kα2 lattice plane. The 4 hr vacuum anneal continues the trend observed
from the 2 hr vacuum annealed film. There is now no discernible trace of the FeO
Bragg reflection, whilst the intensity of the (800) Fe3O4 Kα2 reflection has increased
marginally. This progression supports the idea discussed for Figure 7.9, whereby
the longer the vacuum anneal time, the more evenly distributed the O2 becomes
within the film.
Figure 7.11 shows the proposed progression of oxygen diffusion through the film
with increasing vacuum anneal time. Initially, after the first anneal stage, the film
comprises a thin highly oxidised surface layer over the majority of unoxidised Fe; as
shown in Figure 7.11 (a). This is evident by the presence of both crystallised Fe and
Fe2O3 for the 1st stage anneal film, as shown in Figures 7.9 and 7.10 respectively.
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It is likely that the degree of oxidation decreases sharply with increasing depth into
the bulk. After the 1 hr vacuum anneal (Figure 7.11 (b)), the oxygen has diffused
further into the bulk of the film reducing the amount of unoxidised Fe, subsequently
increasing the amount of FeO. However, this reduces the degree of oxidisation at the
surface, resulting in a decrease of Fe2O3. Longer vacuum anneal times redistribute
the oxygen at the surface throughout the film, resulting in a far broader gradient in
the oxidisation of the film with increasing depth (Figure 7.11 (c) and (d)). As such,
the amount of Fe3O4 present between the surface and the remaining FeO/Fe will
increase. This is until the amount of oxygen present at the surface (as determined
by the 1st stage anneal parameters) is not sufficient to further oxidise the film.
As will be discussed in section 7.3, none of the films illustrated in Figures 7.9
and 7.10 were observed to exhibit the Verwey transition. Subsequently, all of these
films were found to be metallic in nature. The amount of O2 included into the film
from the 1st anneal stage was, therefore, of insufficient quantity to oxidise the Fe
film to the desired Fe3O4 oxidation state. In order to optimise the O2 content, an
investigation into the 1st stage anneal pressure was conducted.
Figure 7.12 shows XRD scans for Fe films which have been annealed at various
O2 pressures at 175
◦C for 1 hr, followed by a 4 hr vacuum anneal at 500 ◦C. All of
the films in this series only appear to exhibit one Bragg reflection located close to
65◦ 2θ, which arises from the (200) Fe lattice plane. The lowest anneal pressure of
5× 10−4 mbar, exhibits the largest amount of crystallised Fe of all of the films in
the series. Increasing the anneal pressure to a value of 5× 10−3 mbar reduces the
amount of crystallised Fe significantly, as is evident by the observable decrease in
Bragg intensity of the (200) Fe lattice reflection in comparison to the 5× 10−4 mbar
film. Further raising of the anneal pressure to 7.5× 10−3 mbar results in an almost
complete disappearance of the (200) Fe lattice reflection. The progression of the
reduction in Bragg intensity of the (200) Fe lattice reflection, with increasing 1st
stage anneal pressure, is consistent with a greater, more homogeneous oxidisation
of the film. Consequently, this appears to have resulted in a large reduction of the
unoxidised Fe present within these films.
At the highest anneal pressure of 1× 10−2 mbar however, the intensity of the
(200) Fe lattice reflection has increased marginally. This indicates that the amount
of crystallised Fe has increased at this pressure, which is unexpected. At this pres-
sure, the increased number of collisions per second with the film surface may be
causing localised cooling. This could result in a reduction of the available energy
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Figure 7.12: XRD scans of FeOx films grown on MgO (100) showing the dependence on the micro
structure with respect to the O2 pressure used in the 1st anneal stage. Four iron films were
deposited in vacuum at a substrate temperature of 200 ◦C. The films were then annealed in O2 at
175 ◦C for 1 hr at pressures of: 1× 10−2 mbar (Blue), 7.5× 10−3 mbar (Yellow), 5× 10−3 mbar
(Red) and 5× 10−4 mbar (Green). All films were then subjected to a vacuum anneal at 500 ◦C
for 4 hours. (a) shows the full scan range, whilst (b) shows the 60-70◦ 2θ region. The scans in all
panels have been shifted in intensity for clarity.
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for diffusion and oxidisation processes. Alternatively, the surface oxidisation at this
pressure may quickly produce a thin, heavily oxidised surface layer, which may act
as a natural diffusion barrier.
Figure 7.13 shows detailed XRD scans centred around the MgO (400) substrate
peak for the same films that are shown in Figure 7.12. As with Figure 7.10, the black
trace represents a blank MgO (100) substrate. As has been observed previously in
Figure 7.10, the lowest first stage anneal pressure of 5× 10−4 appears to exhibit
only one weak Bragg reflection located close to an angle of 95◦ 2θ, relating to the
(800) Fe3O4 Kα2 reflection.
At a 1st stage anneal pressure of 5× 10−3 mbar, a broad, low intensity Bragg
reflection is present close to 92◦ 2θ, relating to the (400) FeO lattice plane. Addi-
tionally, the intensity of the (800) Fe3O4 Kα2 reflection has also slightly increased.
Furthermore, as previously mentioned in the discussion for Figure 7.12, the amount
of crystallised Fe has decreased with respect to the 5× 10−4 mbar annealed film.
This therefore suggests that a larger proportion of the 5× 10−3 mbar film is oxidised
than indicated for the 5× 10−4 mbar annealed film.
Further increasing of the anneal pressure to 7.5× 10−3 mbar, results in a marginal
increase in intensity of the (400) FeO lattice reflection. However, it is difficult to
quantify if any change has occurred in the intensity of the (800) Fe3O4 Kα2 reflec-
tion. Nevertheless, the drop in crystallised Fe seen in Figure 7.12, coupled with
the slight increase of crystallised FeO, does suggest that the trend of greater overall
oxidisation with increasing 1st stage anneal pressure has continued.
The highest anneal pressure of 1× 10−2 mbar, exhibits very little change in the
intensity of the (400) FeO lattice plane in comparison to the 7.5× 10−3 mbar film.
However, in distinct contrast to the rest of the films in the series, at this pressure
the (800) Fe3O4 Kα2 reflection has disappeared completely. Since this film was
observed to display the Verwey transition (see section 7.3), some Fe3O4 must be
present; albeit in an non-crystallised state. As discussed for Figure 7.12, the high
pressure may have caused the formation of a thin, heavily oxidised surface layer.
The existence of this layer may have suppressed the formation of crystallised Fe3O4.
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Figure 7.13: XRD scans of FeOx films centred around the MgO (400) reflection showing the fine
detail of micro structure with respect to the O2 pressure used in the 1st anneal stage. The pre-
annealed iron films were grown in vacuum under the same substrate temperature of 200 ◦C. The
films were then annealed in O2 at 175
◦C for 1 hr at pressures of: 1× 10−2 mbar (Blue), 7.5× 10−3
mbar (Yellow), 5× 10−3 mbar (Red) and 5× 10−4 mbar (Green). All films were then subjected
to a vacuum anneal at 500 ◦C for 4 hours. The black traces are of the blank MgO substrate to
help guide the eye. The scans have been shifted in intensity for clarity.
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7.2.4 Summary
The degree of oxidisation and structure of FeOx films on glass and MgO (100)
substrates have been investigated by the use of X-ray diffraction. Preliminary de-
positions of FeOx films deposited from a Fe target, were conducted to observe the
optimum deposition conditions for films produced via reactive PLD. Additionally,
this provided information about the range of oxidisation achievable for the PLD
system used. In terms of crystallisation, the best growth conditions were observed
at a substrate temperature of 200 ◦C (Figure 7.5) and a process gas pressure of
5× 10−4 mbar O2 (Figure 7.6). These conditions were found to produce Fe2O3 tex-
tured in either the (311) maghemite or (110) hematite phases; the close proximity
of these reflections made absolute structural determination impossible. The lowest
attainable oxidisation state using the reactive PLD method for this system, was
indeed found to be Fe2O3.
The production of Fe3O4 films by post-deposition annealing Fe films in an oxygen
environment on glass and MgO (100) substrates was investigated. The 1st stage
annealed Fe films deposited on glass all exhibited two weak Bragg reflections. By
comparing the angular peak positions with the room temperature resistance values
obtained for these films, the crystallised material observed for 1st stage anneal
temperatures of 150 ◦C, 175 ◦C and 200 ◦C were attributed to the Fe2O3 maghemite
structure for the first two films, whilst the latter was of the Fe2O3 hematite phase (as
discussed for Figure 7.7). Since none of these films were found to exhibit the Verwey
transition, and the room temperature resistance of the lower two anneal pressures
were comparable to a pure Fe film (see Table 7.1), the 1st stage annealed films are
very likely to comprise mostly unoxidised Fe with a thin surface oxide layer. This
is further supported by the weak crystallisation observed for the Bragg reflections
present in this series. In order to better distribute the oxygen throughout the film,
the 175 ◦C 1st stage annealed film was further annealed in vacuum at 500 ◦C for
1 hr. This resulted in an improvement in overall film crystallisation. Additionally,
this film also exhibited crystallised Fe as indicated by the presence of the Fe (200)
reflection (see Figure 7.8), strongly indicating as before that the film comprises an
oxidised surface layer that progresses to unoxidised Fe with increasing depth.
The same 2-stage anneal process was subsequently conducted on MgO (100)
substrates. Initially it was found that under the same parameters used for glass to
produce Fe3O4, the equivalent films on MgO were far less oxidised. This behaviour
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was attributed to a reduction in the diffusion rate of oxygen into Fe films deposited
on MgO. Since the pre-annealed Fe films on MgO in comparison to films deposited
onto glass substrates exhibited better crystallisation (as is evident by the large
intensity exhibited by the (200) Fe lattice reflection for the pre-annealed Fe film on
MgO shown in Figure 7.9), it is likely that the film’s surface is smoother and less
porous. Consequently, the improved surface morphology would result in a reduction
in the surface area, which could impede the diffusion process. In light of this, an
investigation into the post-deposition anneal parameters for the Fe films deposited
on MgO (100) was conducted.
Initially, the effect of the duration of the second stage vacuum anneal on the
oxidisation state was examined (see Figures 7.9 and 7.10). A 1 hr vacuum anneal
(the same parameters as used to produce Fe3O4 on glass), was observed to exhibit
well crystallised FeO as well as unoxidised Fe. Increasing the vacuum anneal time
was found to further distribute the oxygen from the surface throughout the film. As
such, the films annealed for 2 and 4 hrs showed the presence of crystallised Fe3O4,
whilst displaying a reduction of both FeO and unoxidised Fe. From the resistance
measurements that will be discussed in section 7.3, none of these films exhibited the
Verwey transition. Furthermore, the films appeared to still be under-oxidised, so
it was therefore assumed that the amount of oxygen being implanted into the film
from the 1st stage anneal was not sufficient to oxidise the film into the Fe3O4 phase.
Consequently, the influence of the 1st stage anneal pressure on the final oxida-
tion state of the film, following a 4 hr vacuum anneal, was studied. Increasing the
1st stage anneal pressure was found to decrease the amount of crystallised Fe as
well as increasing the fraction Fe3O4 present in the film, up to an anneal pressure
of 7.5× 10−3 mbar (see Figures 7.12 and 7.13). The highest anneal pressure of
1× 10−2 mbar was found to no longer exhibit any crystallised Fe3O4, whilst dis-
playing a slight increase in the amount of unoxidised Fe present. This unexpected
behaviour was attributed to the formation of a heavily oxidised surface layer during
the 1st stage anneal, which may be a consequence of the high anneal pressure. The
presence of this layer was believed to impede further oxidisation of the film during
the 1st stage anneal, in addition to suppressing the crystallisation of Fe3O4.
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7.3 Transport Measurements:
Resistance vs Temperature
By measuring a sample’s resistance (R) with respect to temperature (T), information
can be obtained which helps determine its electrical transport properties. By observ-
ing the shape and gradient of this trend, conclusions can be drawn about whether
it is conducting, semi-conducting, insulating etc. Additionally, sharp changes in the
gradient of a R vs T measurement provide an indication of some form of transition
within the material i.e. structural or magnetic. For the purpose of the investigation
of FeOx films as detailed throughout this chapter, the metal-insulator transition
present in Fe3O4, known as the Verwey transition [175], is of particular interest (see
section 7.1). For the purpose of the results shown in this section, the presence of
the Verwey transition is purely used to ‘finger print’ these films and is consequently
regarded as evidence of Fe3O4 existing within the sample in question. It should be
noted that only scans for the annealed films are shown and discussed. This is be-
cause the preliminary measurements exhibited resistances to high to be successfully
measured to low temperatures (see Table 7.1 and the discussion therein).
7.3.1 FeOx on Glass and MgO (100)
Figure 7.14 shows resistance vs temperature measurements for the 1st and 2nd stage
annealed films on glass substrates, as described in section 7.2.3.1. The 175 ◦C 1st
stage only annealed film shows a continuous reduction in the measured resistance
with decreasing temperature. This response of the resistance with decreasing tem-
perature is consistent with the behaviour of a metallic sample. Since in a metal free
electrons exist in the conduction band at absolute zero [195], the main contribution
to the resistance arises from the scattering of the charge carriers by lattice vibra-
tions; the strength of which diminishes with decreasing temperature. As a result,
the resistance of a metallic conductor should decrease with reducing temperature.
At this point it is also interesting to note that although the 150 ◦C 1st stage an-
nealed film is not shown in this figure, the observed R vs T trend is almost identical
to the 175 ◦C film shown here. The metallic nature of both of these films, shows
that they are under-oxidised with respect to the Fe3O4 phase.
The 2nd stage 1 hr 500 ◦C vacuum annealed film exhibits a very different re-
sponse to the 1st stage only anneal however. The resistance increases steadily with
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Figure 7.14: Resistance vs temperature plots of annealed FeOx films on Glass. Comparison between
single stage 175 ◦C O2 anneal (Yellow), and 175 ◦C O2 anneal followed by 500 ◦C vacuum anneal
(Green). Both films were annealed in 5× 10−4 mbar O2 for 1 hour. The pre-annealed iron films
were grown under the same substrate temperature of 200 ◦C. The jump in resistance at close to
120 K which can be seen in the green trace is a result of the Verwey transition that occurs in
Fe3O4. Consequently, the presence of this feature confirms the existence of Fe3O4 within the film,
since this transition does not occur in any of the other iron oxide phases (see section 7.1.2 and
references therein).
decreasing temperature until close to 120 K. Around this temperature, a sharp in-
crease in resistance can be observed. Beyond this temperature, the rate of change of
resistance with decreasing temperature reduces slightly, but it is still large in com-
parison to before 120 K. This response of the resistance with decreasing temperature
is consistent with the Verwey transition [175]. The presence of this metal-insulator
transition at around 120 K shows the existence of Fe3O4 within this film. By an-
nealing the 1st stage annealed film in vacuum, the oxygen has been redistributed
throughout the film such that a broader oxide gradient between the surface oxide
layer and the unoxidised Fe now exists (as discussed in section 7.2.3.1). As such this
would result in a larger proportion of the film consisting of Fe3O4.
As has been discussed in section 7.2.3.2 the annealing of Fe films deposited on
MgO (100), displayed a different response to the same annealing parameters used to
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produce Fe3O4 on glass substrates. Table 7.3 shows the room temperature resistance
values for the 2nd stage anneal duration series and the 1st stage anneal pressure
series for FeOx films on MgO (100) substrates. The 1 hr vacuum annealed sample
(the parameters of which produced Fe3O4 on glass), was measured to have a room
temperature resistance that is comparable to the 1st stage only annealed film. This
strongly suggests that minimal diffusion of oxygen from the surface into the bulk
of the films has occurred. Further increasing the anneal time to 2 hrs fractionally
increases the resistance observed, which is consistent with a greater oxidisation of
the film as a result of deeper diffusion of oxygen into the film.
An anneal time of 4 hrs however, results in a reduction of the measured intensity
Table 7.3: Room temperature resistance values measured for FeOx films deposited on MgO (100).
The 2nd stage anneal duration series in addition to the 1st stage anneal pressure series is shown.
The films in the latter of these two series, which were found to exhibit the Verwey transition,
are also indicated within the table (see Figure 7.15). Also included is the resistance value for a
pre-annealed Fe film of comparable thickness deposited on MgO (100) and a 1st stage annealed
only film. Where tV A is the vacuum anneal duration, PA is the O2 1st stage anneal pressure, RRT
is the room temperature resistance value and TS is the substrate temperature at which the initial
pre-annealed Fe film was deposited. All post-annealed films were annealed at 175 ◦C for 1 hr for
the 1st stage anneal, and 500 ◦C for the vacuum anneal.
2nd Stage Anneal Duration Series
tV A (Hours) PA (mbar) RRT (Ω) ± Error (Ω)
1st stage only 5.00× 10−4 3.1 0.05
1 5.00× 10−4 4.3 0.05
2 5.00× 10−4 11 0.5
4 5.00× 10−4 3 0.5
1st Stage Anneal O2 Pressure Series
tV A (Hours) PA (mbar) RRT (Ω) ± Error (Ω) Verwey
4 5.00× 10−4 3 0.5 No
4 5.00× 10−3 48 0.5 Yes
4 7.50× 10−3 112 0.5 Yes
4 1.00× 10−2 125 0.5 Yes
Fe Film Control (Fe Film before 1st and 2nd Anneal stages)
TS (
◦C) RRT (Ω) ± Error (Ω)
200 0.53 0.01
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to close to that of the 1st stage only annealed film. Assuming the diffusion model put
forward in section 7.2.3.2, after this length of time the oxygen has been dispersed
throughout the film such that the oxygen concentration at the surface is greatly
diminished. As can be observed from the preliminary depositions (see Table 7.1),
the Fe2O3 phase is very resistive. From this it is likely that the main contribution
of the resistance of these films occurs from the fully oxidised surface layer. As a
result, the redistribution of the oxygen from the surface into the bulk of the film,
will result in a reduction of the measured resistance of the film; provided that the
amount of available oxygen at the surface from the 1st anneal stage is insufficient
to oxidise the film to a more resistive oxidisation state. In comparison to the films
that exhibit the Verwey transition shown in Table 7.3, none of the films in the
2nd stage anneal duration series have a comparable room temperature resistance
value. Although the scans are not shown here, all of these films exhibited metallic
behaviour, which supports the idea that the amount of oxygen being embedded
from the 175 ◦C 5× 10−4 mbar 1st stage anneal, is not substantial enough in order
to oxidise a significant fraction of the film to the Fe3O4 phase, so that the Verwey
transition can be observed.
The R vs T scans for the 1st stage anneal pressure series is shown in Figure 7.15.
All of the films shown in this figure have been produced by the two-stage anneal
process that has been described previously in sections 7.2.3.1 and 7.2.3.2. The lowest
1st stage anneal pressure of 5× 10−4 mbar exhibits a very similar response to the
measured resistance with respect to decreasing temperature, as the 1st stage only
annealed film shown in Figure 7.14. Consequently, this trend indicates that this film
is metallic in nature.
Increasing the anneal pressure to 5× 10−3 mbar, yields the appearance of the
Verwey transition at around 120 K, indicating the presence of Fe3O4. The jump in
resistance at the transition point, is the smallest for all of the films that exhibit the
Verwey transition in this series. Given that all of the pre-annealed Fe films used to
produce the FeOx films shown in Figure 7.15 are of the same thickness, the height of
the Verwey transition can be used as an approximate gauge to which film possesses
the largest fraction of Fe3O4. This is due to the fact that only the Fe3O4 phase
contributes to the Verwey transition. The small height of the Verwey transition
shown for this film, suggests that it contains the smallest fraction of Fe3O4 of the
films that exhibit the Verwey transition. Furthermore, throughout the R vs T scan,
this film also displays the lowest measured resistance (not taking into account the
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Figure 7.15: Resistance vs temperature plots of annealed FeOx films on MgO (100) showing the
Verwey resistivity transition that is the signature of Fe3O4 (see section 7.1.2). Four iron films
were grown at substrate temperature of 200 ◦C in vacuum. They were subsequently annealed at
175 ◦C for 1 hour each at different O2 pressures; 1× 10−2 mbar (Blue), 7.5× 10−3 mbar (Yellow),
5× 10−3 mbar (Red) and 5× 10−4 mbar (Green). All four films were subsequently annealed in
vacuum at 500 ◦C for 4 hours.
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5× 10−4 mbar annealed film), indicating that a large proportion of this film consists
of metallic unoxidised and lightly oxidised Fe. At an anneal pressure of 7.5× 10−3
mbar, the height of the Verwey transition has now increased such that it displays
the largest jump in resistance for the entire series. This indicates that this 1st stage
anneal pressure, coupled with the 4 hr vacuum anneal, produces the largest fraction
of Fe3O4 for any of the films on MgO shown in this investigation.
The highest anneal pressure of 1× 10−2 mbar exhibits a reduction in the height of
the Verwey transition, indicating a reduction in the fraction of Fe3O4 within the film.
Overall, the measured resistance with respect to temperature up to the transition,
is higher than observed for the other films in the series. This would suggest that the
film is slightly over-oxidised. However, from the discussion of Figures 7.12 and 7.13,
the amount of crystallised Fe was observed to increase slightly, which contradicts
the idea that the entire film is over oxidised. As has been previously suggested
in the discussion for Figures 7.12 and 7.13, the formation of a heavily oxidised
surface layer could contribute significantly to the resistance of the film before the
transition. Additionally, after the transition, the measured resistance with respect
to decreasing temperature is less than observed for the 7.5× 10−3 mbar film. This
may be expected since there is less Fe3O4 present within the film that will switch to
an insulating state post transition. However, if the remainder of the film was fully
oxidised, the post-transition resistance may be expected to be similar or greater
than a full Fe3O4 film; due to the high resistance of Fe2O3. The fact that the
post transition resistance trend is observed to be less than the 7.5× 10−3 mbar film,
supports the existence of a greater fraction of this film being composed of unoxidised
Fe.
7.3.2 Summary
The resistance vs temperature measurements presented in this section have allowed
for the determination and optimisation of Fe3O4 thin films, produced from post-
deposition annealing of pure Fe films, on both glass and MgO (100) substrates. The
175 ◦C 1st stage oxygen anneal on glass was observed to exhibit metallic behaviour.
Further annealing of this film at 500 ◦C in vacuum for 1 hr, yielded the appearance
of the Verwey transition (Figure 7.14), therefore confirming the presence of Fe3O4
within the film. This was attributed to the redistribution of oxygen from the surface
to the bulk of the film such that the gradient of oxidisation with increasing depth
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was broadened. Consequently this resulted in a significant proportion of the film
being comprised of Fe3O4.
The room temperature resistance measurements of the annealed FeOx films on
MgO (100) revealed that the same post-deposition annealing parameters that pro-
duced Fe3O4 on glass substrates, exhibited a resistance comparable to that of metal-
lic Fe (see Table 7.3 for Fe on MgO (100) control film room temperature resistance
value). Raising the vacuum anneal duration to 2 hrs, was found to marginally in-
crease the resistance of the film. This was attributed to an increase in oxidisation of
the film, as a result of a greater oxygen diffusion depth. However, further increasing
of the anneal duration to 4 hrs, resulted in a decrease of the measured resistance
at room temperature. The long anneal duration was believed to distribute the oxy-
gen further through the film, to the extent whereby the oxidisation of the surface
layer was reduced. Furthermore, the R vs T scan for this film displayed metallic
behaviour. Consequently, the amount of oxygen implanted into the film from the
1st anneal stage at a pressure of 5× 10−4, was assumed to be insufficient to oxidise
the film to the Fe3O4 oxidation state.
Increasing the 1st stage anneal pressure was found to produce Fe3O4 on MgO (100)
at a minimum pressure of 5× 10−3 mbar (see Figure 7.15). This pressure however,
gave the smallest transition height, and consequently the least amount of Fe3O4, of
all the films in the series where the Verwey transition was observed. The optimum
pressure to produce Fe3O4 under the two stage anneal process, was found to be
7.5× 10−3 mbar. As such, this film exhibited the largest transition height of any of
the films deposited on MgO. The highest 1st stage anneal pressure of 1× 10−2 mbar
showed a slightly smaller transition height than the 7.5× 10−3 mbar film, indicating
a reduction in the fraction of Fe3O4 present within this film. Overall, before the
transition (from high temperature to low temperature), the highest 1st stage an-
neal pressure exhibited the highest measured resistance with respect to temperature
of all of the films in the series. This was attributed to the existence of a heavily
oxidised surface layer, increasing the resistance of the film.
7.4 Chapter Summary
The structure and electrical properties of FeOx thin films deposited on glass and
MgO (100) substrates, produced by reactive PLD and post-deposition annealing
has been investigated. Preliminary studies on the phase of FeOx films on glass
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substrates, deposited via reactive PLD, were conducted to determine the range of
oxidisation that could be achieved for the PLD system used in this investigation.
All of the films deposited in this preliminary study were found to be in the Fe2O3
oxidisation state. Consequently, this was found to be the lowest oxidation state
that could be produced via reactive PLD on this system. With respect to the
crystallisation of these films, the optimum parameters were found to be 200 ◦C
substrate temperature and a process O2 gas pressure of 5× 10−4 mbar.
The post-deposition annealing of Fe films in an oxygen environment was in-
vestigated as method of producing Fe3O4 thin films. The initial investigation was
conducted on Fe films deposited onto glass substrates. The films annealed in a O2
pressure of 5× 10−4 mbar, at substrate temperatures of 150 ◦C, 175 ◦C and 200 ◦C,
all exhibited weak crystallisation. The lowest two temperatures were determined to
be in the Fe2O3 maghemite phase, whilst the 200
◦C film was believed to exist in
the Fe2O3 hematite phase. The weak crystallisation coupled with the low resistance
values observed for the 150 ◦C and 175 ◦C films indicated that the Fe2O3 observed
from the XRD scans, was most likely a surface oxide layer, whilst a large fraction
of the film was still unoxidised.
Further annealing of the 175 ◦C 1st stage annealed film in vacuum at 500 ◦C,
resulted in better overall crystallisation and the presence of the Verwey transition;
indicating the existence of Fe3O4. However, no clear structural evidence of the
Fe3O4 phase could be observed from the XRD scan, consequently suggesting that
the Fe3O4 present within the film is not crystallised. Nonetheless, the appearance
of crystallised Fe highlighted that the film is most likely a graduated oxide, which
consists of a fully oxidised surface layer, to a large Fe3O4 layer, to FeO and finally
unoxidised Fe.
Fe films deposited on MgO (100) substrates were found to be far less susceptible
to oxidisation than on glass substrates. This was believed to be a consequence of
improved crystallisation of the Fe films on MgO with respect to films deposited on
glass. Varying the 2nd stage vacuum anneal duration was found to result in a better
distribution of oxygen throughout the film. Although crystallised Fe3O4 was present
for both the 2 and 4 hr anneal durations, it was not of sufficient quantity in order to
exhibit the Verwey transition in these films. Consequently, it was assumed that the
amount of oxygen implanted into the film, from the 1st anneal stage at a pressure
of 5× 10−4 mbar, was insufficient to oxidise the film to the Fe3O4 phase.
Increasing the 1st stage anneal pressure to 5× 10−3, yielded the initial appear-
181
ance of the Verwey transition. The largest transition height was observed at a
pressure of 7.5× 10−3 mbar. Consequently, these parameters were found to produce
the best quality Fe3O4 film of all of the films deposited on MgO. The highest 1st
stage anneal pressure of 1× 10−2 mbar, exhibited a slight reduction in the transi-
tion height and a complete disappearance of crystallised Fe3O4. This behaviour was
believed to be the result of the formation of a heavily oxidised surface layer, which
impeded further oxidisation and diffusion of oxygen into the film in addition to sup-
pressing the crystallisation of Fe3O4. Furthermore, this caused the pre-transition
resistance (at higher temperatures than the transition) with respect to temperature
to be the highest for all of the films on MgO.
Overall, the production of Fe3O4 films by the post-deposition annealing of Fe
films has been achieved. In general, the crystallisation of these films are inferior to
other reactive PLD studies (see section 7.1 and references therein). This is most
likely due to the fact that even the best film shown here is still mixed phase and
is not fully Fe3O4. Furthermore, the annealing process does not supply as much
energy to the film as the PLD process during deposition. Nevertheless, with further
optimisation of the anneal parameters, it is conceivable that a pure Fe3O4 may
be produced from post-deposition annealing alone. As a result, this means that
Fe3O4 could be produced with relative ease by simply annealing Fe films in an
oxygen environment, whereby the initial Fe film could be deposited by a variety of
deposition methods.
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Chapter 8
Conclusions
The growth, structure, and electrical properties of PLD deposited and post-annealed
thin films have been investigated. WOx thin films have been deposited under various
conditions to study the influence of the deposition parameters on the growth and
structure of these films. The main focus of this investigation was to observe the effect
of altering the laser fluence on the properties of WOx films deposited on native oxide
Si (100) and SrTiO3 (100) substrates. For both substrates it was found that the
texture of the films were dependent on the deposition fluence used. Furthermore, it
was observed that the WOx films on SrTiO3 were more susceptible to an alteration
of the primary texture with respect to laser fluence. Both substrates exhibited a
shift to a single primary texture with increasing fluence. This, however, was at the
cost of overall film crystallisation.
By investigating the effect of the deposition fluence on the film properties, an
additional understanding has been gained about the influence of target precondi-
tioning and degradation on the growing film. As such the target preparation was
found to be critical to ensure repeatable results when using different fluences.
The structure and electrical properties of FeOx films produced from either reac-
tive PLD, or post-deposition annealing, have also been investigated. This study was
primarily focussed on the production of Fe3O4 thin films on glass and MgO (100)
substrates. Although Fe3O4 was not able to be produced by using reactive PLD, it
has been achieved by the post-deposition annealing of Fe films in an oxygen environ-
ment. The two-stage anneal process developed in this investigation has allowed not
only for the production of Fe3O4, but also has provided an insight into the oxygen
diffusion process into weakly and strongly crystallised Fe films.
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Appendix A
Sample List
All of the samples presented and discussed in this thesis are listed here. For each
series the samples are listed by their original sample name and the Figure(s) in
which they appear within the main text. Table A.1 shows all of the films deposited
and presented in the WOx (chapter 6). Tables A.2 and A.3 show the films present
in the FeOx (chapter 7) results chapter for the preliminary reactive PLD and post
deposition annealing investigations respectively.
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